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Introduction 
The main topic of this thesis was, as the title suggests, development of the 

metastable β titanium alloys for medical applications, especially for the target 

application in production of femoral stem of total hip endoprosthesis. This 

component’s requirements of mechanical properties present a challenge for material 

science as multiple parameters have to be met at once, namely high strength, low 

Young’s modulus, sufficient ductility and biocompatibility of the alloy. 

The research followed the pathway of the metastable β alloy Ti-35Nb-7Zr-6Ta-

0.7O developed at the Department of Physics of Materials prior beginning of my work 

and the alloys developed in this thesis are derived from it. The well-known yet 

complicated physical mechanisms needed to be considered when targeting the required 

properties of alloys for implant production. The metastable β Ti alloys are known to 

undergo a wide range of phase transformations, both during heating/cooling as well as 

during deformation. These phase transformations need to be accounted to achieve the 

material that can be brought to into industrial use. 

In the following, this thesis is divided into several chapters: In the first chapter, 

the phase transformations and mechanisms affecting the material properties are 

reviewed together with previous research in the field of metastable β Ti alloys. Second 

chapter shortly summarizes the aims of the thesis and the third chapter introduces the 

used experimental techniques as well as the used material preparation methods. In the 

fourth chapter, novel industrial processing route of the aforementioned alloy is 

described. The fifth chapter is aimed on the design and characterization of novel alloys 

prepared by the classical approach while in the sixth chapter, the high-throughput 

method is used for screening of large number of alloys. The most effort is put into 

characterization of the phase composition, elastic properties and the deformation 

mechanisms active during compression testing. In the last chapter, two alloys, selected 

on the basis of the high-throughput testing, are prepared and thoroughly studied. The 

thesis is summarized in Conclusions where the work is briefly recapitulated and the 

most important findings are stated together with future outlook. 
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1. Literature review – Ti alloys for medical applications 
Titanium has not been known to mankind for a long time. Its existence was 

discovered in an Ilmenite mineral by the end of the 18th century, but it took more than 

100 years until this extraordinary element was isolated in its metallic form. Since then, 

the popularity of titanium is increasing. Its extraordinary properties such as high 

specific strength (combination of high strength and low density), corrosion resistance 

as well as its biocompatibility predetermine its use in a wide range of high-added-value 

fields ranging from aviation and aerospace through petrochemical to the medical 

industry. It is even used in some people’s everyday life (Ti-made jewelry, cookware, 

luxury sports equipment).  

The main drawback of an even wider expansion of titanium is its cost. The 

expensive production processes include the separation from the ores by the Kroll 

process (which is also not very friendly to the environment [1]), alloying that has to be 

done using the vacuum arc remelting (VAR) process to obtain the high temperatures 

for its melting, high-temperature oxidation during thermomechanical processing and 

finally, the machining process of the products causing fast wear of even high-quality 

tools (e.g. carbide inserts for special materials). 

Despite the stated drawbacks, in the fields of its use, titanium cannot be currently 

replaced by any other metal. In the medical industry, it is used e.g. for the production 

of surgical tools, dental implants and joint implants [2,3]. The last group is of interest 

in this thesis which focuses mainly on material development for manufacturing 

femoral stem of a total hip endoprosthesis.  

Currently, most Ti-based hip implants are produced from a Ti-6Al-4V (wt%) 

alloy [4], which was initially developed for the aviation industry where it is still 

massively used. The strength of the material is the most important for the construction 

of the implant. Usually, the Ti-6Al-4V alloy serves as a benchmark - it achieves yield 

stress over 800 MPa even in its weakest and most ductile condition and this value is 

the required minimum for the hip implant design.  

The (Young’s) elastic modulus of Ti-6Al-4V as well as of commercially pure Ti 

is around 100-120 GPa [5,6], which provides a major advantage over previously used 

steels with an elastic modulus of around 200 GPa as it is closer to the elastic modulus 

of the bone (10-30 GPa) [7,8]. The misfit in elastic modulus can cause the so-called 

stress shielding effect [9,10], the stiff implant absorbs much more load than the 

surrounding bone [11] and the lack of mechanical stimulation causes the bone to 

atrophy. Bone with developed osteoporosis is very prone to fracture. Therefore, the 

aims of the research followed this trend and the closer elastic modulus to that of bone 

was desired [12,13]. In this sense, the class of metastable β titanium alloys is one of 

the most prospective due to possibility of controlling the target properties (including 

elastic modulus) via controlling presence and volume fraction of various 

crystallographic phases. 

Another possible advantage of a new alloy over Ti-6Al-4V could be the use of 

purely biocompatible elements (Ti, Nb, Zr, Ta) that were proven inert in a living body 

environment [14], which cannot be said about Al and V [15–17]. 

1.1. Phase transformations in Ti alloys 

1.1.1. Stable phases and alloy groups 

As mentioned above, phase transformations play a crucial role in the metallurgy 

of Ti alloys. Depending on the equilibrium phase composition at room temperature 

(RT), the alloys can be divided into several groups. Pure Ti exists either in a high-

temperature β phase with a body-centred cubic (Im-3m) structure or below the so-
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called β transus temperature (Tβ), in hexagonal close-packed α phase (P63/mmc). 

Alloying elements in Ti alloys can either increase the Tβ (α stabilizers, typically Al, O 

and N) or decrease the Tβ (β stabilizers, most of the transition metals) [18]. The so-

called neutral elements (Zr and Sn) decrease the Tβ until they reach concentration 

corresponding to a congruent point of the β→α phase transformation after which they 

start to increase Tβ again. The β stabilizers can either form intermetallic compounds or 

be fully soluble in the β phase (isomorphous β-stabilizers). The latter case is the case 

of the biocompatible β stabilizers (Nb, Ta). 

A schematic phase diagram of an isomorphous β stabilizer is shown in Figure 1 

showing the locations of α alloys, α+β alloys, metastable β alloys and stable β alloys. 

The most relevant for this thesis are metastable β alloys. Although lying in the field of 

stable α+β mixture, the presence of α phase and α′/α″ martensite phases can be avoided 

by quenching from temperatures above Tβ (also referred to as a β solution treatment or 

just simply ST). This is because the martensite start (MS) temperature falls below the 

RT and martensite does not form. 

 

Figure 1: Groups of Ti alloys according to α / β phase presence at RT (adopted from [19]). 

1.1.2. Metastable phases: β, α′, α″, ω, O′ 

Apart from the specified stable phases, a variety of metastable phases can form 

under various conditions. 

The β phase present in the metastable β Ti alloys is obviously metastable as its 

composition does not correspond to the stable β phase in α+β mixture. Due to its 

nature, it can easily decompose into secondary phases. 

The α′ phase is a martensite phase with the same crystallographic structure as 

stable α (hcp), but non-equilibrium composition. α′ phase is usually formed in α+β 

alloys with a lower amount of β-stabilizing elements. 

When the amount of β stabilizing elements is higher, yet not high enough to form 

a metastable β alloy, the martensite formed during quenching is not hcp, but assumes 
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orthorhombic structure (Cmcm) and is referred to as α″. Both martensite phases have 

a given lattice correspondence to β phase that is presented in Figure 2. The 

transformation β→α′/α″ involves two types of atomic movements: {11 ̅}〈111〉β shear 

of the whole crystal lattice and {110}〈11̅0〉β shuffle of every other {110}β plane [20]. 

In contrast with the stable α phase, the mechanism is purely diffusionless. According 

to the magnitude of the atomic movement, the result is either the α″ phase (in case of 

an incomplete shear and shuffle) or α′ phase (in case of complete shear and shuffle). 

In this sense, the α″ phase can be considered an intermediate phase between the β and 

α′ (and α). The shear can be visualized in Figure 2 as a change of the interatomic 

distances marked as a0, b0, c0 in the β phase or as a, b, c in α′/α″ phases (the letters 

correspond to the lattice parameters of α″). 

•  

Figure 2: Lattice correspondence between cubic β phase (Im-3m), α″ phase (Cmcm) and α′ 

phase (P63/mmc) which is the same as the stable α phase. Adopted from [21]. 

Following the lattice correspondence between the β and α′, the so-called Burger′s 

relationships govern their mutual orientations [22,23]: 
(110)𝛽 || (000 )𝛼  

[11̅1]𝛽 || [11 ̅0]𝛼  

Therefore, the α phase (as well as the α′/α″ martensite) can form in twelve 

different orientations (variants) with respect to the parent β phase. 

Another type of phase that can form in Ti alloys is the ω phase [24]. It can form 

in alloys with composition already in the group of metastable β alloys, i.e. the MS line 

is below the RT. The ω phase is in the form of nano-scale particles and can form either 

athermally [25] during quenching (then it is called athermal ω or ωath) or it can 

chemically stabilize during low-temperature annealing into isothermal ω (ωiso) [26]. 
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The orientation relationship between β and ω phases is shown in Figure 3. In contrast 

to Burger’s relationships, during ω formation, the plane that is parallel to the basal 

plane of ω is (111)β: 

(111)𝛽||(0001)𝜔  

[011]𝛽|| [11 ̅0]𝜔  

 

Figure 3: Orientation relationship between β and ω phases. The collapse of atoms in {111}β 

planes (B and C) is visualized on the right. Adopted from [27]. 

The ω nanoparticles usually do not have a clear boundary with the surrounding 

β matrix, it is rather a continuous change of the level of collapse of the {111} planes. 

Their structure is hexagonal (P6/mmc), but not close-packed as in the case of α phase 

(P63/mmc). 

The last metastable phase in Ti alloys, relevant in this thesis, is only recently 

discovered O′ phase, which assumes an orthorhombic structure. The formation 

mechanism is different from α″ because it does not involve {11 ̅}〈111〉β shear and 

only {110}〈11̅0〉β shuffle is present. The O′ has a form of nanoparticles [28,29] and 

can be present in metastable alloys that are at an intermediate distance from the MS 

line. 

1.1.3. Phase transformations during temperature changes 

Upon heating to sufficiently high temperatures, metastable phases will start to 

transform into stable phases, either to a mixture of α+β below Tβ or to a β phase above 

the Tβ. This is of course the ultimate condition. At intermediate temperatures, many 

different transformations may occur: 

• Chemical stabilization of α′ martensite 

• Chemical stabilization of α″ martensite and change of its crystal structure to 

hcp. 

• Athermal change of the volume fraction of ωath while changing the temperature 

around the RT [30]. 

• Growth and diffusion-assisted change from ωath to ω iso [31]. 
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• ω-assisted nucleation of fine α phase leading to very fine α+β microstructure 

[32]. 

• Dissolution of ωiso into β phase without direct assistance of α nucleation [33]. 

• O′-assisted nucleation of α phase [34]. 

• Formation of isothermal α″ from metastable β [35] which can result in very 

interesting effects such as zero thermal expansion over a temperature range 

around 300°C [36]. 

This list is most probably not complete, and it evidences the complexity of the 

phase transformations during temperature changes. Even more complexity is added 

when mechanical loading is considered. 

1.1.4. Phase transformations during loading 

One of the most important phase transformations during loading is the formation 

of stress-induced martensite (SIM) α″ in the metastable β alloys [37–39]. This 

transformation is mostly reversible upon unloading and it can result in the so-called 

super-elasticity (also pseudo-elasticity), where a large portion of the reversible 

deformation is not due to stretching of interatomic distances, but due to the 

transformation connected with the deformation [40–42]. 

If the α″ phase is already present in the material after quenching and the MS 

temperature is not very high, another important effect can occur during straining. Due 

to the applied deformation, the present variants of the α″ phase can reorient into other 

variants at relatively low stresses. Upon subsequent heating to temperatures above MS 

(or more precisely AF – austenite finish, when the austenite β phase is fully restored), 

the material shape changes back to the original. Such behaviour is called the Shape 

memory effect, mostly known from the Ni-Ti (Nitinol) alloy [43], but also observed 

in Ti-Nb-based alloys [44–46]. 

The SIM α″ can also serve as an additional plastic deformation mechanism in 

addition to the dislocation slip. The main condition is that the β→α″ transformation 

will occur first during the loading, followed by the dislocation slip. 

Apart from stress-induced transformations including α″ phase, deformation-

induced ω has also been reported [47,48]. Later, it was however found out that the ω 

phase formation is an accommodation mechanism of twinned α″ martensite 

transforming back to β during unloading [49] at super-elastic alloys, irrespectively of 

the twinning mode [50]. 

Finally, the O′ phase was also found to undergo a stress-induced phase 

transformation. Due to its nanoparticle nature, the lattice plane in which the shuffle 

mechanism operates is not coupled with the surrounding nanoparticles. This blocks the 

formation of the typical martensite lamellae, but the O′ nanoparticles each can 

transform by the restricted shear into nano-sized α″ as observed in [51]. 

1.2. Properties of metastable β Ti alloys 
Two main, although linked, factors influence the basic properties of metastable 

β Ti alloys: chemical composition and phase content. Since biocompatibility could be 

one of the most beneficial aspects of new material in future, the main alloying elements 

are selected according to previously stated results: Nb, Zr and Ta. On this basis, 

numerous studies have been published in the last 25 years regarding the development 

of low-modulus alloys. The developed first alloys with very low elastic moduli are Ti-

29Nb-13Ta-4.6Zr [52] (Japan alloy) and Ti-35.3Nb-5.7Ta-7.3Zr [53] (USA alloy). 

The latter was developed by testing various chemical compositions aiming to minimize 

the elastic modulus as much as possible [54]. The resulting elastic modulus can be as 
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low as 50 GPa due to the absence of α, α″ and ω phases in the β solution-treated 

condition. The main drawback of Ti-35Nb-6Ta-7Zr alloy is its strength reaching only 

500 MPa which is insufficient for use in hip implants. 

1.2.1. Strengthening mechanisms  

Increasing strength in any structural material is based on the known 

strengthening mechanisms. Usually, their combination is used to achieve the final 

property. 

Substitutional solid solution strengthening 

The easiest way to strengthen the material is by alloying with substitutional 

elements that are soluble (at least to the extent of alloying) in the base metal. 

Strengthening is then caused by an increased energy barrier to move the dislocation 

across the site with a foreign atom. Apart from the element concentration, the 

substitutional strengthening depends strongly on the misfit between the matrix and the 

solute atom [55]. The values of metallic atomic radii (metallic = based on the 

experimental lattice parameters) for elements relevant to this thesis are shown in Table 

1. While Nb nearly doesn’t differ from a radius of Ti, Zr and Ta can provide a stronger 

solution strengthening, although such effects are usually completely obscured by the 

change in the phase content [56,57]. The Fe is the most efficient from this group 

(although by far not as biocompatible as other elements in Table 1) which was proven 

even at low concentrations of 2 wt% [58]. 

Table 1: Atomic radii of Ti [59], Nb [60], Zr [61], Ta [62] and Fe [61]. 

Element Ti Nb Zr Ta Fe 

Atomic radius (pm) 142 144 156 131 124 

Interstitial solid solution strengthening 

The most important strengthening mechanism related to this thesis is the 

interstitial solution strengthening, namely by the oxygen content. In α alloys and α+β 

alloys, there is a critical O content which causes an abrupt decrease of ductility, this O 

content is usually roughly 0.3 wt% [63]. This is the reason for the existence of two 

official Ti grades for Ti-6Al-4V – Ti Grade 5 for regular O content and Grade 23 (Ti-

6Al-4V ELI – extra low interstitial) for very low O content which assures better 

ductility [64]. On the other hand in a recently developed Ti-4.5Zr-0.8O α-Ti alloy, 

very high strength over 1000 MPa is achieved with elongation of nearly 30% [65] 

under condition of very low nitrogen content (much lower than in commercial purity 

Ti grades). This is attributed to oxygen clustering [66] which enables cross-slip leading 

to work hardening. 

One of the most famous low-modulus metastable β Ti alloys strengthened by 

oxygen is the Ti-35Nb-2Ta-3Zr-0.3O also known as Gum Metal. In this alloy, low 

elastic modulus was detected and the alloy has high strength in a cold-worked 

condition [67]. The mechanism for achieving such properties was first believed to be 

a dislocation-free plastic deformation (ideal shear) as the “giant faults” were observed 

by TEM [68]. Later, SIM α″ was found to be the main reason for the low elastic 

modulus [69,70]. 

Many Ti-Nb-Zr-Ta based alloys were developed since then, containing increased 

O content, usually up to 0.5% [40,44,71–73] which resulted in improved strength, 

usually without a detrimental effect on ductility when in β solution-treated condition. 

On the other hand, nitrogen causes embrittlement in much lower concentrations [40]. 

Higher concentrations of oxygen (>0.5 wt%) are of the main interest in this thesis. The 

concentration of 0.7% in Ti-35Nb-7Zr-6Ta alloy causes yield stress increased by more 
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than 100% compared to O-free alloy [74–76]. Ti-35Nb-7Zr-6Ta-0.7O alloy is set as a 

starting point for new alloy development in this work. Apart from the high yield stress, 

such high O content causes also work hardening associated with good ductility. A 

pronounced yield drop (sharp yield point phenomenon) is a result of unpinning the 

dislocations from the Cottrell stress fields [77]. 

Precipitation strengthening 

Precipitation of secondary particles is very common for achieving high-strength 

metastable β Ti alloys. One of the examples is the Ti-5553 alloy that is already being 

used as an engine holder in Airbus A380 and other aircrafts. This alloy is a metastable 

β Ti alloy, which is used in the condition after the precipitation of fine α particles. 

The ωiso phase precipitation (or growth and stabilization from ωath) is connected 

with imminent hardening, but also embrittlement due to restricting the movement of 

dislocations to the β phase. This leads to a localization of the plastic deformation in 

the β phase channels and premature cracking. An exception is a very short time ageing 

at low temperatures (e.g. 200 °C / 60s) leading to a change of ωath into mildly stabilized 

ωiso together with an increase in the volume fraction. This results in an increased 

strength of 700 MPa, without compromising the ductility (35%) [78], however the 

processing window is very narrow. 

1.2.2. Factors influencing elasticity 

The phase content is the main factor in achieving low elastic modulus. Any 

presence of secondary particles (either by formation during quenching or by 

precipitation in the pure β condition) will increase the stiffness as the β phase has the 

lowest Young’s modulus in comparison to other phases (α, α′, α″, ω) [73,79–81]. 

Moreover, the lowest elastic modulus is achieved in alloys whose composition 

lies very close to MS line at RT [82]. This effect is related to the so-called 

premartensitic softening (also anomalous or c′ softening) [83]. This effect is known 

also from other materials that can undergo a martensitic transformation, but the MS is 

below their working temperature. In Ti alloys, the MS and related softening can be 

controlled by chemical composition. The lattice instability can also result in the 

formation of the O′ phase [29]. 

Related to this work, following substitutional alloying elements are well known 

to be stabilizing the β phase: Nb and Ta are both established isomorphous β-stabilizing 

elements [84], Fe is the eutectoid β-stabilizer since it is soluble in the β phase up to 

concentration of 24.7 wt% [85], Zr can be considered as a β stabilizer [86,87] up to 

very high concentrations (up to the congruent point of β-α phase boundary at 67%). 

Oxygen is the classical α stabilizing element as it increases the Tβ in pure Ti [88] 

as well as in metastable β Ti alloys [74,89]. On the other hand, in the competition of 

the β and α″ phase, oxygen was found to act as a pseudo-β-stabilizing element by 

shifting the MS of the α″ formation to lower temperatures [40,67,90–94]. The 

mechanism was attributed to blocking the shear of adjacent atomic planes which not 

only supresses α″ formation but also may reduce the effect of the premartensitic 

softening. As a result of oxygen addition into a tailored low-modulus β Ti alloy, the 

stability of the β phase is increased as well as the elastic modulus [75]. 

1.2.3. Improving ductility of Ti alloys 

Improving the ductility of metastable Ti alloys must take into account the 

presence of secondary phases. The precipitation of the α phase is an example of a 

strength-ductility trade-off even at alloys with low oxygen contents (e.g. commercial 

alloys such as Ti-5553 and Ti-10-2-4) [6]. As an α-stabilizer, the oxygen diffuses into 

the α phase when the metastable β Ti alloys are aged efficiently promoting α phase 

formation and consequently reduces the ductility. Nonetheless, metastable β Ti alloys 
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are expected to be used in the β solution-treated condition to minimize the elastic 

modulus, therefore embrittlement by α phase formation is not an issue. 

While the athermal ω phase usually does not have detrimental effects on ductility 

due to its coherency, the ωiso generally causes embrittlement with an exception stated 

earlier. Quenching during the β solution treatment should, however, prevent its 

formation. Interstitial oxygen may also partly inhibit the ω phase formation [92,95]. 

The so-called transformation-induced plasticity (TRIP) effect was found in 

alloys undergoing SIM α″ transformation during loading, often accompanied by the 

twinning-induced plasticity (TWIP) effect, collectively termed the TRIP/TWIP effect. 

Alloys showing such effects can reach a remarkable strain hardening and associated 

extremely high ductility (tensile true strain up to 40%) [96,97]. Since the composition 

of the alloys undergoing TRIP/TWIP effects has to be finely tuned to obtain both 

deformation mechanisms at once, the resulting yield stress of only about 600 MPa is 

obtained [96,98]. Precipitation strengthening was considered for improvement. The 

yield stress can be increased to a value of about 700 MPa by tailoring a composition 

in which first the α phase is formed by ageing and the remaining β phase matrix shows 

the TRIP/TWIP effect due to its favourable composition [99,100]. 

1.3. Design methods of metastable β-Ti alloys 
Several design methods were considered for metastable Ti alloys: molybdenum 

equivalency, valence electron concentration (e/a ratio) and Bo-Md approach as 

described further. 

1.3.1. Molybdenum equivalency 

One of the first methods of quantification of β stabilizing effect of individual 

elements was based on their relative comparison with the effect of alloying with 

molybdenum – the so-called molybdenum equivalency (Moeq.). This was determined 

by experimental establishing of the concentration of each element at which the 

metastable β phase is retained after quenching without any α″ martensite (i.e. the 

position of the MS line crossing the RT). Based on these data, the relative β stabilizing 

“strength” was evaluated and the Moeq. value could be calculated for a given alloy from 

the concentrations of each element [84]. Later an optimized approach was selected to 

include also the elements that cannot form the metastable β Ti alloys themselves, such 

as Zr, but some features in the phase diagram (eutectoid points, peritectoid points, 

congruent points) allow us to compare their relative effect on the Tβ temperature. Such 

an approach was validated to predict the correct phase composition (in the interplay of 

α″ vs. metastable β) in a wider range of alloy compositions, incl. quaternary alloys 

[86]. 

Unfortunately, the Moeq. cannot be established for oxygen to include its shifting 

effect on the MS in metastable β Ti alloys due to its strong α stabilizing effect. 

1.3.2. Valence electron concentration, e/a ratio 

From the electron theory of solids, it follows that the valence electron 

concentration plays an important role in the determination of phase stability of various 

alloys and compounds [101]. It was widely used in many different fields [102–104] 

and it found its use also in the field of metastable β Ti alloys in the form of e/a ratio, 

i.e. the number of valence electrons per atom [105,106]. When plotting Young’s 

modulus against the e/a ratio, the following behaviour can be observed as shown in 

Figure 4. For alloys far from the lattice instability (which is at around e/a = 4.15), 

Young’s modulus rises as the distance from the lattice instability increases to both 

directions (fully martensitic structure at the low e/a, stabilized β matrix at the high e/a). 

The theoretical minimum of Young’s modulus would be reached at the location of 
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lattice instability as marked by a dotted curve. However, the formation of the ω has to 

be taken into account which is the stiffest among the phases in Ti alloys [107]. Due to 

its formation, a sharp peak appears at the location of the lattice instability. The 

minimum of Young’s modulus is therefore achieved at roughly e/a = 4.24. However, 

this is rather experimental assertion based on the alloys studied in [105]. 

 

Figure 4: Dependence of the Young’s modulus on the e/a ratio (adopted from [105]. 

In contrast to the Moeq., oxygen can be incorporated in the e/a concept by 

attributing some number of electrons to each interstitial to oxygen atom as it surely 

contributes with electrons into the electron gas of the alloy. Unfortunately, it is not 

clear, what is the exact value of the contribution. The first issue is that oxygen is not a 

metal, the nature of its bonding is not clear – number of electrons contributing to 

electron gas is not known. The second issue relates to its interstitial nature – does it 

contribute to the number of atoms or not? In the following chapters, the effective 

contribution of oxygen to e/a ratio will be determined using high-throughput 

measurements of elastic moduli. 

1.3.3. Bo-Md 

The last theoretical approach applied to Ti alloys is based on the so-called Bo-

Md diagram [52]. An alloy composition can be drawn onto the Bo-Md diagram by 

calculating the values of bond order (Bo) and energy of the d-electron orbitals (Md) 

[108]. The Bo-Md diagram together with experimentally determined areas 

corresponding to activity of various plastic deformation mechanisms (such as SIM 

[109], TRIP [96] or pronounced lattice softening [67])  provides a useful tool for Ti 

alloys design. Its use was even extended to Ti-rich high-entropy alloys [110]. 

Again, the main drawback of using this approach in this thesis is the lack of 

possibility to correctly incorporate the O content. Regardless of Bo, even the Md – 

energy of d-electron orbitals is hardly relevant as there are no d-electrons in oxygen. 

1.3.4. Experimental examination 

For the reasons stated above, experimental evaluation plays a major role in the 

development of novel biomedical O-rich alloys.  

Quite a large number of oxygen-rich and mostly Ti-Nb based alloys was studied 

throughout last 2 decades. The already mentioned alloy Ti-35Nb-7Zr-6Ta was studied 

in [76] in 3 versions: O-free alloy (0.06 wt%) and 2 different contents of oxygen (0.46 

and 0.68 wt%) after ST and ageing at various temperatures promoting α and/or ω phase 

precipitation. The conditions after ST were all ductile, with strength varying according 
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to the O content. When aged, ductility quickly dropped for O-rich alloys. The ageing 

did not affect the O-free alloy very much (α phase did not form) so in all the conditions 

the strength remained low, comparable to other O-free biomedical β Ti alloys in ST 

condition [53,92,111].  

Alloy Ti-35Nb was studied in [44] with 5 different contents of O up to 0.55 wt%, 

each in either heavily cold-rolled (98.5%) or ST condition. The cold-rolled conditions 

were very brittle while all the ST conditions underwent a double yielding and showed 

the effects connected with the SIM α″ transformation: shape memory (O-leaner alloys) 

or superelasticity (O-richer alloys). The strongest alloy was the one with 0.55 wt% O 

and its 2 yield points were at 500 MPa and 1050 MPa, but the achieved ductility was 

only about 5%. 

In [112], authors studied the effect of various levels of cold-swaging on Ti-

35Nb-2Ta-3Zr-0.3O. The ductility deterioration was not too big, elongation of 10% 

was reached for all cold-worked conditions up to 90% of area reduction, but the 

increase in the yield strength increase was not very pronounced. The cold-working has 

resulted in a non-linear elastic behaviour, effectively decreasing the Young’s modulus 

down to 55 GPa. Although the authors have not identified the presence of the α″ phase, 

the peculiar effects could have been hidden in the (yet undetected) nano-domain O′ 

phase [51]. 

Similar cold-worked (90%) alloys Ti-xNb-2Ta-3Zr-yO with x = 30 - 40 wt% 

and y= 0.3 or 0.5 wt% were studied in [113]. The increased O content was found to 

shift the minimum of Young’s modulus to lower concentrations of Nb. In Ti-32Nb-

2Ta-3Zr-0.5O, good combination of properties was found: Young’s modulus of 55 

GPa (effective value in the non-linear elastic part of tensile curve), ultimate tensile 

strength of 1370 MPa and ductility of 12%. 

Biomedical alloy Ti-29Nb-13Ta-4.6Zr with three O contents (0.12, 0.20, 0.42 

wt%) was studied in ST as well as aged condition in [71]. The aged conditions were 

hard and relatively brittle, but the ST conditions showed the ductility above 15% and 

Young’s modulus between 60 and 80 GPa (higher with increasing O content). 

Tane et al. [83] measured properly the dependence of various elastic moduli (c′, 

B, E, G) of Ti-36Nb-2Ta-3Zr-xO alloys on temperature in single-crystalline form as 

well as E in cold-swaged rods. It was shown that cold-working induces increases 

Young’s modulus by inducing the α″ phase and ω phase. This increase can however 

be overcame by the O addition which prevents the secondary phase formation and the 

only result of the cold-working is then an increase in  strength. 

The Ti-35Nb-2Ta-3Zr alloy with O content up to 0.5O was studied after solution 

treatment concluded by air cooling [72]. The strength was increasing with O content, 

but the same applied for Young’s modulus which reached a value of 90 GPa for O 

content of 0.53 wt%. 

Geng et al. [74] studied alloys with O content as high as 0.7 wt%. The yield point 

phenomenon was observed in this alloy together with an increase in Young’s modulus 

when compared to other alloys with lower amount of oxygen. 

In [114] and [115], 0.3 wt% of oxygen was found to suppress the formation of 

the SIM α″ phase and deformation twinning.  

There was also a successful attempt to achieve ultra-low Young’s modulus by 

introducing extremely high deformation (compared with common cold-working) by 

high-pressure torsion (HPT) [116], high hardness and Young’s modulus of 43.3 GPa 

were obtained. Of course, any practical use of such process is impossible due to tiny 

sizes of HPT samples. 
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As already mentioned in previous sections, the O content of 0.7 wt% lead to high 

yield strength and sufficient ductility also in Ti-35Nb-7Zr-6Ta alloy [75] which serves 

as a benchmark of low-modulus alloys. In this work, combining of interstitial 

strengthening with solid solution strengthening by Fe content was also proved. 

Combination of Fe and O was considered also in [117], however, the strength 

improvement comes at a price of drastic decrease of ductility. 

1.3.5. Trial and error vs. high-throughput methods 

Usually, the experimental approach goes under the not-very-compelling name of 

Trial and error. However, based on an extensive literature review, the trial part can be 

directed much more precisely leading to a lower probability of an error. 

Even a systematic experimental study usually involves changing of only a 

limited number of parameters. To explore e.g. a wider range of the multi-component 

alloying system (say Ti-Nb-Zr-Ta-O), high throughput methods seem very suitable, 

although the amount of information is always somehow limited. An advantage of the 

target material is that it will be ultimately used in the β solution-treated condition (to 

reduce the elastic modulus), therefore the only relevant heat treatment leading to 

single-phase condition will be quenching from above the Tβ temperature. Even the 

quenching rate can play a significant role in the final microstructure and mechanical 

behaviour of alloy on the phase stability as shown in [118], where slow quenching by 

water cooling the sample inside the quartz tube and fast quenching by breaking the 

tube in water was studied. For this reason, all quenching performed in this thesis should 

be understood as water quenching by falling the sample from the annealing 

temperature directly into water. 

The need for measurement of both elastic properties and plastic deformation 

properties (yield stress, UTS, ductility) restricts the possibilities of preparation 

methods for high-throughput testing. The combinatorial sputtering methods are not 

suitable for such analyses [119].  

On the other hand, blended elemental powder metallurgy [120] can be utilized 

for the preparation of a large number of alloys that can locally behave as a bulk 

material. Field-assisted sintering technique (FAST), also known as spark plasma 

sintering (SPS) is a very suitable method for compaction of a mixture of elemental 

powders yielding fully dense samples with a precisely known thermal history [121–

123]. The temperature needed to achieve homogeneous chemical composition from 

blended elemental powders has to be much higher than that needed for compaction 

only [124] especially when using elements with high melting points such as Nb [125].  

The variation of ratios between the elemental powders allows to vary the alloy 

composition even inside a single sample. Namely, step-by-step graded layering is used 

for high-throughput screening in the studied alloys. This approach is similar to that 

reported in [126] where conventional sintering was used to prepare a large number of 

samples in a single sintering step. The parameters of the sintering of the Ti-Nb-Zr-O 

system were determined in [127,128].  

 

In summary, the design of new Ti-Nb-Zr-Ta-O alloys with high strength and 

simultaneously with low elastic modulus by simple alloying can be based on following 

assertions:  

• Interstitial oxygen increases strength. 

• Oxygen does not compromise the ductility of the β phase. 

• The low elastic modulus is caused by reduced stability of the β phase. 



  

15 

 

• Oxygen stabilizes the β phase with respect to β→α″ martensitic transformation 

and suppresses the formation of ωath phase. 

• High-throughput method of preparation and testing many compositions might 

be advantageous for efficient performing of properties optimization. 

 

The research presented in this thesis has followed two interconnected topics: 

1) Design of Ti-Nb-Zr-Ta-O alloys with high strength and simultaneously with 

low elastic modulus by simple alloying. 

2) Design of high-strength Ti-Nb-based alloys strengthened by oxygen in which 

the ductility would be enhanced by activation of SIM α″ transformation, 

potentially leading to TRIP/TWIP effect. 

For the second topic, a high-throughput method of preparation and testing many 

compositions in a small number of samples was used. This part of the thesis 

contributed also to the methodology of testing both elastic and mechanical properties 

by the selected high-throughput approach. 
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2. Aims of the thesis 
The main aim of this doctoral thesis is the development of novel Ti alloys which 

could be used in medical applications, mainly as a material for load-bearing 

endoprostheses of large joints. The partial aims can be summarized as: 

• Development and optimization of manufacturing process of previously developed 

biomedical Ti alloy for industrial production of hip implants 

• Designing novel Ti alloys to achieve the target properties (high strength and low 

elastic modulus) by simple alloying and thorough description the physical 

mechanisms leading to such properties.  

• Utilization of lattice softening in the vicinity of martensitic phase transformation 

for reduction of modulus of elasticity. 

• Improvement of material ductility using two strategies: 1) suppression of ω phase 

and α″  phase, 2) activation of stress-induced martensite / deformation twinning 

as additional deformation mechanisms. 

• Development of high-throughput methods for correlating chemical composition 

with microstructure and eventually mechanical properties 

• Development of dedicated characterization techniques for thorough 

microstructural characterization of newly developed alloys 
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3. Experimental methods 
 

3.1. Characterization methods 

3.1.1. Inert gas fusion 

Generally, the content of interstitial elements, especially the O content, plays a 

crucial role in any Ti alloy. The need for its measurement is even increased in the case 

of this thesis, in which I studied metastable β Ti alloys with increased and controlled 

O content. The most precise method for the measurement of interstitial elements 

content is the Inert gas fusion (IGF) (also known as CGHE - Carrier gas hot extraction). 

The destructive measurement of each sample consists of two main parts: 1) heating of 

the sample to very high temperatures (close to 3000°C) in a graphite crucible under 

the inert atmosphere of the “carrier” He gas and 2) the suitable filtering and analyses 

of the products of the reaction (CO, H2O, N2, H2, etc.) by dispersive IR (infra-red) 

detectors and non-dispersive TC (thermal conductivity) detectors. At first, the 

measurements had been done at TU Freiberg based on a long-established 

collaboration. Some of the measurements were done at the laboratory of company 

ORLEN Unipetrol, a.s. Both laboratories used analyzers by LECO. In November 2021, 

Bruker Galileo G8 IGF analyzer has been acquired by the Department of Physics of 

Materials and since then, the measurements were done using this machine. To check 

the consistency, several samples were measured using multiple analyzers and the 

scatter was within the statistical error. 

3.1.2. Scanning electron microscopy 

The general tool for the characterization of microstructure used in this thesis was 

scanning electron microscopy (SEM). The samples with mirror-polished surface were 

used for observations. 

Most of the SEM images in this thesis were captured by the BSE (back-scattered 

electrons) detector and accordingly, most of the time, I will just refer to the images as 

SEM images. Only when the Everhart-Thornley detector (ETD) was used for image 

capturing, it is specified as the SE (secondary electrons) signal. 

The energy dispersive X-ray spectroscopy (EDS) analytical technique was used 

for the determination of chemical composition along line scans. 

Another analytical technique is electron back-scatter diffraction (EBSD). It 

provides crystallographic orientation information at each measured point and it can be 

used even for the distinction of different crystallographic structures. In cases when the 

indexing rate was low i.e. in heavily deformed samples, samples containing phases 

with a similar crystal structure (i.e. β bcc phase and α″ orthorhombic phase with only 

small shear component), an advanced post-processing technique was used on the 

patterns which averages the patterns from neighbouring points. This procedure is 

called NPAR (Neighbor Pattern Averaging & Reindexing) [129]. From the recorded 

patterns, the so-called PRIAS (Pattern Region of Interest Analysis System) maps can 

also be constructed. It is done for each point in the map by taking average from a 

selected part of the recorded pattern, corresponding to this point [130]. Typical 

procedure consists of splitting each pattern into 3×3 chess-field and averaging either 

the bottom 3 fields or the single central field or the top 3 fields. 

The sample preparation for SEM incl. the analytical techniques involved first 

cutting the materials with a precision saw using a water-cooled diamond cutting wheel. 

The samples were then either attached to a holder with glue or wax or mounted into a 

conductive resin Struers Polyfast and ground gradually with SiC papers starting from 

grit #220 up to #2000 (number specifies the amount of abrasive material going through 
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square inch filter). After grinding, the final polishing was done either by a vibratory 

polisher on Alumina and Silica suspensions each for several hours or by polishing on 

fibre cloth with a mixture of 20% solution of hydrogen peroxide in OP-S suspension 

for 15 min. The former method yielded an extremely well-polished surface, but due to 

a long preparation (several days), the latter method was mostly used. 

For observations, two SEMs were used in this thesis: Zeiss Auriga Compact 

dual-beam microscope and FEI Quanta 200F. The EDS and EBSD detectors used on 

both microscopes included several types of detectors from the company EDAX. 

Typically, the voltage of 15 kV and large currents were used for BSE observations and 

15-20 kV was used for EDS and EBSD measurements.  

3.1.3. Transmission electron microscopy 

Observation of fine secondary phases such as athermal ω or the nanodomains of 

O′ was not possible by SEM, therefore transmission electron microscopy (TEM) was 

employed in these cases. 

For bulk samples with homogeneous composition, the TEM specimens were 

prepared by the following procedure, mostly adopted from [131] and [132]. First, the 

input material in the form of rods was machined to a diameter of 3 mm and then, 0.5 

mm thick discs were cut from the rods. The discs were then mechanically ground from 

both sides to a thickness of about 100-150 µm. These discs were polished by twin-jet 

electropolishing using the Struers Tenupol 5 with the following solution: 61% CH3OH 

+ 33% C4H10O + 6% HClO4. The process was performed at -20 °C and the time (about 

1 min) was chosen such that the sample was thinned but the hole was not created yet. 

Final thinning until the creation of a hole was done by Gatan PiPS ion polisher which 

uses Ar ions to bombard the surface. The areas just near the hole were thin enough for 

observations in TEM. 

For the preparation of thin foils from layered samples, discs with a diameter of 

3 mm could not be made, so another method was used instead. Small lamellae (⁓ 10 

µm wide) were extracted from the material by a focused ion beam (FIB) on the dual-

beam Zeiss Auriga Compact. First, the surface of the sample was covered by Pt using 

a gas injection system (GIS) and then, the lamella was dug by Ga ions and placed on 

the Cu grid using GIS and a micromanipulator. The final thinning of the lamella was 

performed on the grid until the desired thickness was reached. 

Finally, for observations, JEOL 2200 FS microscope was used using a voltage 

of 200 kV. The very high dynamic contrast of the CCD camera allowed setting the 

grayscale levels in postprocessing such that the equivalent diffraction spots for the β 

phase were set to the same relative intensity. As a result, the intensity of secondary 

phase reflections can be directly compared between different samples. 

3.1.4. X-ray diffraction 

For the determination of the phase composition of studied materials, X-ray 

diffraction (XRD) was used. 

One of the most commonly used geometries for XRD pattern acquisition is the 

so-called  Bragg-Brentano geometry. However, it proved not to be suitable for the 

measurement of coarse-grained alloys. Only a few grains are present in the spot size 

of the incident beam, compromising quality and comprehensiveness of the powder 

XRD pattern. 

In such cases, it is more convenient to use a different geometry. Thanks to a 

diffractometer available (Figure 5a), transmission geometry could be used with the 

detection of diffracted reflection on a curved cylindrical 2D detector. By the following 

integration, powder-like diffraction patterns were obtained that could be reliably 

indexed. The detected spots of the stationary sample are shown in Figure 5b. The 
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central ring (corresponding to (110) reflection of β phase) can already be distinguished. 

Much larger statistics can be obtained by rocking the sample with the motorized 

goniometer in axes φ (horizontal rotation) and χ (tilting the sample). The combined 

movement leads to rings that can be recognized even for large diffraction angles 

(Figure 5c). Note that Bragg-Brentano geometry would be effectively able to capture 

reflections only along an arbitrary line crossing through the centre of the 2D pattern 

without rocking. 

   

Figure 5: (a) photo of the Rigaku Rapid II diffractometer, (b) diffraction spots of the 

stationary sample, (c) diffraction rings created by rocking the sample in χ and φ axes. 

The X-ray source of Rigaku Rapid II was a sealed Mo tube. A graphite 

monochromator was used for a primary beam of the Mo Kα wavelength (0.709 Å). 

Since the voltage of the tube was set to 50 kV, bremsstrahlung corresponding to double 

the target energy could also pass through the monochromator and resulted in doubling 

of the most intense peaks at positions equivalent to crystal structures with double 

lattice parameters (about half of the positions in 2θ axis). This effect was however very 

weak. 

The samples used for the measurement were ground with SiC papers to a 

thickness of 100 - 300 µm to become transparent for the Mo Kα X-rays. The aperture 

with a diameter of 300 µm was used for all measurements and a camera inside the 

chamber allowed a precise selection of measurement spot, which is important in the 

case of layered samples. The radial integration was performed using 2DP software and 

Rietveld refinement for determination of lattice parameters and phase analysis was 

done in software HighScore Plus. 

3.1.5. Tensile testing 

Tensile testing was done for the determination of yield and ultimate tensile 

strength as well as the ductility. Two types of samples were initially tested. At first, 

large samples corresponding to a drawing in Figure 6a were machined from the cast 

and annealed alloys and tested using Instron 5882 universal testing machine.  
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Figure 6: Schemes of tensile specimens’ geometries. 

The gauge cross-section with a diameter of 3 mm is shown in Figure 7 overlayed 

on the SEM image of the grain structure after casting and solution treatment only. Such 

a combination of sample geometry and coarse grain structure together with casting 

defects (porosity) resulted in poor repeatability of the tests and the achieved ductility 

was also comparatively low. In materials in which the grains were refined, a smaller 

sample geometry was used as shown in the drawing in Figure 6b. The outer diameter 

was not machined, i.e. it was the diameter of the rotary swaged rod. In the active cross-

section, a much larger number of grains was present despite the gauge diameter being 

2 mm only. This resulted in high repeatability of the tensile tests for all studied alloys. 

A different machine was used for testing the small samples with refined grains, it was 

an electro-dynamic Instron Electropuls E10000, in which the samples can be mounted 

using pneumatic V-jaw grips. The machine is designed for dynamic testing mainly 

(max. force of ±10 kN), but it can be used also for static testing with a limited force of 

±7 kN which was fully sufficient for all tested alloys. The majority of the tests were 

performed at the strain rate of 10-4 s-1. The difference in the used testing machines can 

be observed mainly from the elastic part of the tensile curves in Figure 7: a much larger 

deformation of the machine and fixtures is present during testing with Instron 5882. 

However, even much stiffer pneumatic fixtures of Instron Electropuls still prevent 

using the tensile test results from determination of Young’s modulus due to the 

inherent elasticity of the load cell. For this reason, much more precise measurements 

by resonant ultrasound spectroscopy were carried out as described further in 3.1.7. 

Selected alloys were tested in tension in-situ in SEM Zeiss Auriga. The 

deformation stage MTI SEMtester 1000 was used for this purpose and the sample was 

flat dog-bone shaped with the following gauge dimensions: length of 4 mm, width of 

1.5 mm and thickness of 0.6 mm. Each deformation step with the strain rate set to  

10-3 s-1 and was followed by capturing SEM images (BSE and SE) at a constant cross-

head position. 
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Figure 7: Tensile testing curves for 2 conditions of Ti-35Nb-7Zr-6Ta-0.7O alloy: after 

casting and solution treatment only and after additional rotary swaging and solution 

treatment. The insets compare the relative grain size with respect to the diameter of the 

specimen. 

3.1.6. Compression testing, acoustic emission (AE) & digital image 

correlation (DIC) 

Compression testing was performed on the multilayered samples (prepared by 

FAST, as explained further). Compression samples were prepared from the pellets 

with the loading direction parallel to the layer normal. The thickness of the pellets and 

concurrently also the height of the compression samples was about 12 mm and a cross-

section of 7×7 mm2 was used. Some layers in samples with higher O contents were 

very brittle due to the presence of the α″ phase already after quenching. Since these 

layers caused very early cracking during compression testing, they were cut off, 

resulting in smaller samples: for the pellets with 0.5 and 0.7 wt% O, the dimensions 

were 8×4×3.5 mm3 and for 0.9 wt% O, the dimensions were 6×3.5×2.5 mm3.  

Compression testing was done using the Instron 5882 machine with a strain rate 

of 10–3 s–1 with simultaneous complementary acoustic emission (AE) recording and 

capturing the surface of the samples for the digital image correlation (DIC) analysis. 

To prevent imprinting of the hard samples into the compression anvils, corundum discs 

were placed between the anvils and the sample. The AE acquisition was performed 

using the Physical Acoustics Corporation (PAC) PCI-2 board with a sampling rate of 

2 MHz. The PAC preamplifier 2/4/6 with a gain set to 60 dB and the broadband AE 

sensor PAC Micro-80S were used. The AE sensor was attached to the corundum plate 

utilizing a plastic clip; good acoustic contact was facilitated using a vacuum grease 

(Apiezon M). The AE events were individualized using a standard hit-based 

processing with the threshold level slightly above the background noise (24 dBAE). 

Two quantities were determined from the AE measurements. First, the amplitude of 

each AE event i.e., the “AE intensity”. Second, the integrated (cumulative) AE count 

rate (AE counts per second) i.e., the “AE activity”.  
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Speckle patterns for the DIC analysis were created by first applying white spray 

paint to prevent surface reflections and then by applying black water-based paints by 

an Airbrush technique. The images of the samples were captured automatically every 

1 s using a Nikon D3100 camera with Nikon 60 mm f/2,8 G ED AF-S Micro lens and 

external programmable shutter. An example of the experimental arrangement is shown 

in Figure 8. 

 

Figure 8: Compression testing arrangement of the layered sample with the speckle pattern 

and AE sensor attached. This is one of the preliminary tests, in the following, the AE sensor 

was attached to the bottom corundum plate to improve repeatability. 

The DIC analysis was performed in the ncorr package [133] implemented in 

Matlab [134]. As the mean speckle size was about 20 px, subset size with a radius of 

30 px and step of 10 px were used to obtain reliable results. High-strain analysis 

feature of the ncorr was used as well to reliably evaluate later stages of the deformation 

by updating the reference image when correlations worsen. One of the outputs of the 

DIC analysis was vertical displacement fields 𝑢𝑦 parallel to the direction of applied 

force in the frame reference of the undeformed sample (Lagrangian frame). To 

evaluate true strains in each layer during deformation, the mean was taken from each 

horizontal pixel row of the vertical displacement field yielding mean vertical 

displacement 𝑢𝑦̅̅ ̅ for each vertical position and time of the test. For visualization, 

Figure 9 shows the described procedure for the Ti-xNb-7Zr-0.2O sample. Figure 9a 

shows the reference image of the undeformed sample with the prepared speckle 

pattern. In Figure 9b the image of the sample is overlayed with colour-coded vertical 

displacement field 𝑢𝑦 measured by DIC and processed in Matlab. The example shows 

a vertical displacement field at time t = 150 s (150th image, corresponding to the overall 

strain of 15 %), but in the reference frame of the undeformed sample. Finally, the mean 

vertical displacement 𝑢𝑦̅̅ ̅ of a pixel row is shown in Figure 9c for every 10th second 

(highlighted for t = 150 s). Mean vertical displacement 𝑢𝑦̅̅ ̅ is represented by a line 

going from the bottom of the sample to the top, reflecting the compression test 

geometry – the bottom platen is fixed while the top platen moves downwards. 

Horizontal lines indicate boundaries between each compositional layer. From the slope 

of the mean vertical displacement is immediately seen that each layer is strained 

differently. 
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Figure 9: a) image of the undeformed sample (Ti-xNb-7Zr-0.2O ) with speckle pattern, b) 

overlay with vertical displacement field captured by DIC after deformation to 15% (at time t 

= 150 s), c) mean vertical displacement for every 10th second. 

From the 𝑢𝑦̅̅ ̅ values, strains were calculated for each layer by the following 

formula, consistent with the general definition of (engineering) strain: 

𝜀𝑖−𝑡ℎ 𝑙𝑎𝑦𝑒𝑟(𝑡) =
𝛥 𝐿

𝐿0
=

𝑢𝑦̅̅ ̅(𝑖𝑡ℎ 𝑙𝑎𝑦𝑒𝑟 𝑠𝑡𝑎𝑟𝑡, 𝑡) − 𝑢𝑦̅̅ ̅(𝑖𝑡ℎ 𝑙𝑎𝑦𝑒𝑟 𝑒𝑛𝑑, 𝑡)

ℎ𝑖
 

  (Equation 1) 

where ℎ𝑖 is the initial height of the i-th layer (considered the same for all layers 

within one sample). It can be easily observed from the slopes of 𝑢𝑦̅̅ ̅ for example, that 

the top two layers and also the bottom two layers have undergone much lower strains 

compared to the central two layers. The true strain and true stress values were 

calculated by the usual approaches by using the global stress values and engineering 

strain for each layer (under the usual assumption of constant volume during 

deformation). Note that using DIC data, change in the sample cross-section (at least in 

one direction) could have been established as well and used for true strain / true stress 

determination. However, using the 2D DIC method only, out-of-plane movements 

contribution to the measured strain cannot be separated from the real deformation and 

potential errors would be amplified [135]. 

After the deformation, the compression samples were analyzed by XRD and 

SEM. 

3.1.7. Ultrasonic methods – RUS & SAM 

Resonant spectra of free elastic vibrations of the individual RUS samples, 

typically with the size of about 2×3×4 mm3, were measured at 20 C under low nitrogen 

pressure (approx. 10 mbar) in a chamber enabling a precise temperature control ( ± 0.1 
 C), using a RUS set-up built in the Institute of Thermomechanics and described in 

detail in [136]. The vibrations were excited on the bottom face of the sample by a 

focused infrared laser pulse. The upper face of the sample was scanned by a laser 

vibrometer to identify the individual vibrational modes. Resonant spectra were 

collected in the frequency range from 100 kHz to 2.5 MHz, which covered more than 

100 resonant frequencies for each sample. According to the sample that was measured, 

different numbers of vibrational modes were selected as the input for the inverse 

calculation of the elastic constants, which was done by minimizing an objective 

function: 
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 𝐹 = ∑ (𝑓𝑛
𝑒𝑥𝑝

− 𝑓𝑛
𝑐𝑎𝑙𝑐(𝐸, 𝐺, 𝜌))

2𝑁
𝑛=1     (Equation 2) 

with respect to Young’s modulus E and shear modulus G, where N is the number 

of the selected modes, 𝑓𝑛
𝑒𝑥𝑝

 and 𝑓𝑛
𝑐𝑎𝑙𝑐 are the experimentally determined and 

calculated resonant frequencies, respectively, and ρ is the mass density determined for 

each sample from its weight and dimensions. Only the modes for which their modal 

shapes were reliably determined from the experiment and their computed counterparts 

(i.e., outputs of a numerical simulation of the vibrations) were selected for being 

involved in function in (Equation 2). 

For a more robust inverse determination of both E and G, the RUS measurement 

was complemented by measurements of velocities of longitudinal ultrasonic waves in 

directions perpendicular to the faces of samples using a pulse-echo technique; the 

resulting velocity data were then involved in the inverse calculation using the approach 

described in [136]. An isotropic behaviour of all prepared materials was assumed, with 

two elastic constants (E and G) being sufficient for describing completely the elastic 

response. The shear modulus G is typically the elastic constant most accurately 

determined from RUS [137]. The accuracy of RUS can be estimated according to the 

number of modes involved in the calculation. Two types of samples in this thesis were 

measured by RUS:  

• fine-grained samples after rotary swaging and recrystallization with grain size 

between 50 and 200 µm, 

• coarse-grained samples made by field-assisted sintering technique (FAST) that 

had a grain size between 200 – 1000 µm.  

This has led to a difference in fulfilling the elastic homogeneity condition that is 

usually necessary for the proper measurement of elastic constants by RUS. For the 

fine-grained samples, more than 40 modes were involved in the calculations resulting 

in the precision of the measurement being particularly good (± 0.5 GPa). 

As the grain size of FAST-prepared samples was much higher than that of the 

fine-grained alloys, the situation was strongly dependent on the present microstructure. 

For some of the samples containing only or nearly pure β phase, only about 20 resonant 

modes could have been reliably fitted due to the high anisotropy of the β phase [107]. 

In cases when there were secondary phases present in the microstructure, the elastic 

anisotropy was lower and thus also better for resolving the RUS spectra. The accuracy 

achieved in FAST-prepared samples was approximately ± 1 GPa in G, according to 

the sensitivity analysis elaborated in detail in [136]. With involving the longitudinal 

velocity data (from the pulse-echo measurements), a comparable accuracy (± 3 GPa) 

was estimated also for E, the parameter typically used when evaluating the suitability 

of metastable β-Ti alloys for biomedical applications. The differences in RUS spectra 

obtained for different phase compositions present (β, β+ω, α″) were described in detail 

in joint work with the Institute of Thermomechanics [138]. These discussions are 

however out of the scope of this thesis. 

In addition to the inverse determination of G and E, the internal friction 

coefficients for all alloys were determined from the RUS spectra. This was done using 

Lorentzian masks to fit the individual resonant peak of the modes involved in the 

above-described inverse procedure, and calculating the internal friction parameter for 

each resonant mode as: 

 𝑄𝑛=1,…,𝑁
−1 =

𝐹𝑊𝐻𝑀𝑛

𝑓𝑛
    (Equation 3) 



  

25 

 

where 𝐹𝑊𝐻𝑀𝑛 stands for the full width at the half maximum of the Lorenzian 

fit. It was observed that for each individual alloy, all analyzed peaks gave 

approximately the same value of Q−1, which means that this value was representative 

of the given alloy. None of the alloys exhibited Q−1 above 10−3 at room temperature 

(i.e., all alloys exhibited very low internal friction), and the differences between the 

alloys were small and did not exhibit any systematic dependence on the chemical 

composition. 

For visualization of the elastic heterogeneity in selected layered samples 

(Section 6.2.3), scanning acoustic microscopy (SAM) available at the Institute of 

Thermomechanics was used. The principle of the SAM is a spatially resolved pulse-

echo method. The time-of-flight of focused longitudinal ultrasonic waves through the 

thickness of the sample was measured with a spatial resolution of ∼ 30 μm over the 

whole area of each sample, using an UHPulse100 (OLYMPUS, Japan) scanning 

acoustic microscope (30 MHz spherical lens, C-scan regime). 

3.2. Material preparation – classical route 

3.2.1. Melting and casting of alloys 

The most frequently used method for laboratory preparation of Ti alloys is arc 

melting with a non-consumable W-based electrode. Due to the high temperature 

obtained in the arc, alloys containing elements with very high melting points (e.g. W, 

Ta, Mo, Nb) can be prepared. For the protection of the prepared alloys, water-cooled 

copper crucibles made from high-purity (high thermal conductivity) oxygen-free 

copper are used. The amount of material that can be melted by the arc depends on the 

melting points of the individual elements as well as on the power of the arc source 

(usually in the form of a welding power supply). The shape, on the other hand, depends 

mainly on the shape of grooves in the Cu crucible. Two different arc melting furnaces 

were used for the preparation of materials studied in this thesis: 

1) Powerful arc furnace at company ÚJP Praha 

Most of the alloys were ordered and prepared in company ÚJP Praha, in the 

amount of about 200 g per casting. Such ingots were prepared in the crucible shown 

in Figure 17a by passing the powerful arc with the current of several kA over the mixed 

elements about ten times during one remelting, which was followed by cooling of the 

ingot and its flipping and another remelting. The remelting + flipping was repeated 6 

times in total to achieve homogeneity of the ingot. The TiO2 powder was added after 

the first remelting to control the desired oxygen content. The melting was done in the 

process chamber which was first evacuated by the Roots pump and then filled with 

pure He. The resulting ingots had dimensions of about 130 × 35 × 13 mm3, therefore 

direct hot or cold working was not applicable. For subsequent rotary swaging, rods 

were either cut from the cast ingots by an electric discharge wire-cutter (for the first 

batches) or remelted into the shape of rods using the Monoarc furnace (later batches). 

2) Monoarc furnace at the Department of condensed matter physics 

The Monoarc furnace available through the MGML infrastructure (cooperation 

was based on a long-term proposal) was used for two purposes. First, it was used for 

melting 4 alloys, later denoted as batch #3 directly from pure elements. As the welding 

power supply of the Monoarc furnace can generate 350 A current arc only, it was not 

possible to melt the elements into the alloys directly in the grooves for rods. Therefore, 

several button-shaped pieces with a weight of 5-7 g were melted first from each alloy 

and they were remelted in the crucible with grooves to prepare a rod (Figure 10b). The 
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available grooves have either length of 140 mm for rods with a diameter of 10 and 12 

mm or a length of 120 mm for rods with a diameter of 7 and 8 mm. The process 

chamber of the Monoarc can be evacuated to a high vacuum of up to 10-6 Pa thanks to 

a turbomolecular pump and for the melting, it is filled with high-purity Ar. 

  

Figure 10: a) Cu crucible of the ÚJP Praha furnace for 200g ingots, b) Cu crucible of 

Monoarc for casting rod-shaped ingots suitable for rotary swaging. Rod placed inside for 

illustration is already after heat treatment and quenching (thus the blue colour). 

3.2.2. Homogenization 

After the melting, dendritic inhomogeneity was present in the casts. An example 

of such a dendritic structure is shown in Figure 11. Apart from the dendrites, which 

are enriched in high-melting and heavy elements (Nb and Ta) and thus appear light in 

the BSE image, the interdendritic regions depleted of Nb and Ta (appearing darker) 

contain α phase particles that precipitated during the relatively slow cooling of the 

melted rods in the crucibles. The interdendritic spacing was about 20-40 µm, which is 

the main parameter for establishing a successful homogenization treatment. 

 

Figure 11: Dendritic structure present in one of the alloys with the lowest content of β 

stabilizing elements. Black particles in some of the inter-dendritic regions is the α phase. 
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The homogenization was performed using a vertical tube furnace Nabertherm 

RHTV that was evacuated by turbomolecular to a high vacuum of about 5×10-4 Pa. 

The samples were wrapped into Zr foil to further limit oxygen intake and hung into 

the hot zone by Mo wires. Unique vertical setup and home-made sample holders 

allowed us to immediately water quench the annealed samples, which is quite 

uncommon for vacuum furnaces. Water quenching by falling directly from the hot 

zone was allowed by creating a loop on one Mo wire and putting the other wire through 

the loop. The sample was hung not on the loop, but on the wire that went through it. 

When water quenching was desired, the vacuum system was disconnected and the 

chamber was filled with pure Ar, the bottom of the furnace was opened while placing 

a bucket with water underneath and finally, one of the wires were pulled from the top 

feedthrough to release the sample(s) into the water. 

The homogenization at 1300°C/24h was performed on the prepared arc-melted 

alloys. The quenching (β solution treatment) was not done directly from the 

homogenization temperature, but the furnace was left to cool to a lower temperature 

(that was yet above the β transus), which was usually 1000°C, to prevent furnace 

damage. 

3.2.3. Rotary swaging and recrystallization annealing 

To achieve grain refinement of the alloys to allow proper tensile testing, the 

combination of cold rotary swaging and recrystallization annealing was used. The 

conditions determined in my diploma thesis [139] were used and further optimized. 

An area reduction of at least 70% was used during the swaging. Rods for swaging were 

cut by electric discharge wire-cut, the initial diameter was 8 mm and the final diameter 

after swaging was 4.3 mm. For the alloys, which were remelted directly into a shape 

of a rod in the Monoarc furnace, the initial diameter was about 10 mm and the final 

diameter after swaging was 5 mm. 

To achieve a fully recrystallized grain structure, annealing at temperatures 

800°C, 900°C, 1000°C and 1100°C / 15 min followed by water quenching (WQ) was 

applied on the cold swaged alloys and the best processing resulting in recrystallized 

structure with reasonably refined grains was chosen for each alloy. As the α phase was 

observed in some of the conditions, this can give us an estimate of the β transus 

temperature. These estimates are shown in the next chapter in Table 3. Selected α+β 

microstructures are shown in Figure 12.  

Not all recrystallization heat treatments above the β transus have resulted in full 

recrystallization. As an example, the alloy Ti-35Nb-7Zr-6Ta-0.7O, although having 

the β transus between 800 and 900°C, was not fully recrystallized after annealing at 

1000°C / 15 min + WQ as shown by BSE image and EBSD inverse pole figure (IPF) 

map in Figure 13 b and d, respectively. The areas marked by green arrows in Figure 

13b are not recrystallized but only recovered, i.e. the dislocations introduced during 

the cold swaging were annihilated by the annealing. This can be seen from the IPF 

map: the large grains either contain sub-grain boundaries only (left-hand side of the 

map) or do not contain any sub-grain boundaries nor do they appear deformed 

anymore. Also, they inherited the texture that was introduced during the cold swaging 

([110]β direction parallel with the swaging direction). Therefore, prolonging the 

annealing would not result in further grain nucleation. In such cases, the use of higher 

recrystallization temperature was required, which indeed leads to full recrystallization 

(although with slightly larger grains) as shown in Figure 13c. 
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Figure 12: α phase particles grown in the cold-swaged alloys. Examples of the highest 

temperatures for each shown alloy, when the α phase was formed. 

   

Figure 13: Microstructure after various processing steps of the Ti-35Nb-7Zr-6Ta-0.7O alloy: 

a) Cold swaging, b) recrystallization at 1000°C / 15 min + WQ (and corresponding EBSD 

IPF map in d)), c) recrystallization at 1100°C / 15 min + WQ. 
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3.3.  Material preparation for high-throughput testing 
The above-described procedure is very demanding in terms of time and 

resources. High-throughput testing gains more and more popularity and it is suitable 

also for research in the field of metastable β-Ti alloys containing a higher amount of 

O content as the established phenomenological descriptions (Bo-Md diagram and Mo 

equivalency) do not include its effect and therefore, alloy microstructure is uneasy to 

predict theoretically. 

Ti-Nb-based systems were studied with the addition of various amounts of Zr, 

Fe and O. For each prepared sample by FAST, Zr, Fe and O were held constant while 

the layered gradient was created in the Nb content. For proper control of the oxygen 

content, the O concentration in each powder used was evaluated so that the right 

amount of TiO2 could be determined. The basic properties of the used powders are 

summarized in Table 2. 

Table 2: Properties of powders used for the preparation of layered samples by FAST. 

Interstitial contamination of Fe was considered negligible due to its concentrations used. 

The TiO2 was in the form of particles smaller than 1 µm which were agglomerated. For this 

powder, the IGF method is not usable for the determination of O content and the nominal 

content was used for calculation. 

Powder Supplier Size Morphology O (wt%) N (wt%) H (wt%) 

Ti 
TLS 

Technik 

10 - 

80 

µm 

spherical 0.175(1) 0.0211(5) 0.0013(5) 

Nb Alfa Aesar 
< 45 

µm 
irregular 0.412(1) 0.0734(6) 0.0465(6) 

Zr 
TLS 

Technik 

< 45 

µm 
spherical 0.175(1) 0.00856(7) 0.001(1) 

Fe Goodfellow 
< 60 

µm 
irregular - - - 

TiO2 
Sigma 

Aldrich 

< 45 

µm 
agglomerates - 0.004(2) 0.017(3) 

Each powder mixture was first carefully weighted and properly mixed. The first 

mixed powder was poured into a 30mm graphite die and pressed by a hand press before 

the next layer was added. This ensured flat interfaces between successive layers. This 

process was repeated 6 times to prepare 6 alloys/layers in a single sample. The Nb-

layering was selected for two reasons: first, Nb is the β-stabilizing element, affecting, 

thus most directly the phase composition, second, Nb has the lowest diffusivity of the 

alloying elements [140] which allows maintaining the layered structure after the high-

temperature sintering. On the other hand, other elements (Zr, Fe, O) are meanwhile 

easily homogenized [141]. To prevent the contamination of the sintered material by 

carbon, a tungsten foil was used to separate the sample from both the graphite die and 

graphite pistons instead of the C foil that is usually used. The difference between the 

resulting samples is evident in Figure 14. The contamination and carbide presence is 

down to a depth of a few millimetres which would effectively restrain us from studying 

the uppermost and lowermost 1-2 layers. By using the W foil, the carbon 

contamination is eliminated. On the other hand, tungsten diffusion into the material is 

observed after the high-temperature sintering, but the penetration depth is only about 

200 µm, i.e. much less when compared with C contamination. Note that W is a β-

stabilizing element. 
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Figure 14: Comparison of the use of C vs. W foil as a separation of the sample from the 

graphite die and pistons. The contrast of the second image is boosted so the diffused layer of 

W is apparent. 

For the sintering conditions and approaches, I used the results of my colleague 

Jiří Kozlík who devoted a large portion of his Ph.D. study to develop methods for the 

preparation of Ti alloys from blended elemental powders by FAST (namely Ti-Nb-Zr-

O system and Ti-5553 commercial alloy) [127,128]. The compaction and the 

homogenization were performed using the sintering furnace (model 10-4) by Thermal 

Technology LLC, USA, in vacuum created by a dual-stage rotary vane pump. The 

sintering program that leads to a locally homogeneous composition comprises linear 

heating at a rate of 200 K/min up to a temperature of 1500°C, 30min holding time, 

followed by free cooling. The pressure applied during the sintering program was set to 

50 MPa and the temperature was regulated by the pyrometer. 

An example of the heating program is shown in Figure 15. From the recorded 

piston position, it is evident, that the compaction was completed almost immediately 

after reaching the sintering temperature, and thus, only the homogenization took place 

at the sintering temperature. The subsequent movement of the piston was caused by 

small leaking of the material between the piston and the die during the holding time 

and by thermal shrinkage during cooling. 
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Figure 15: The recorded data of the sintering process used for compaction and 

homogenization of the prepared samples. 

After sintering, the pellets were solution-treated at 1000°C/2h in a vacuum 

followed by water quenching. Samples for the experimental characterizations were cut 

from the sintered pellets as indicated in Figure 16. The flat samples with various 

thicknesses (suitable for each method) were used for scanning electron microscopy 

(SEM), x-ray diffraction (XRD), microhardness measurements and scanning acoustic 

microscopy (SAM). For measurements by resonant ultrasound spectroscopy (RUS), 

cuboidal samples were cut from individual layers using a cutting wheel with a 

thickness of 0.4 mm. After cutting, the samples were ground using SiC papers to the 

approximate dimensions of 1.5 × 2.5 × 3.5 mm3, where the shortest dimension was 

oriented perpendicularly to the layers (direction x in Figure 16), i.e. each sample 

covered the central 1.5 mm from the manufactured 2.1 mm thick layer (samples whose 

elastic properties have been measured had 6 layers). The compression samples were 

made by simply cutting into dimensions 7 × 7 × 12.5 mm3 (or smaller, if all the layers 

were not supposed to be tested due to their brittleness). 
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Figure 16: The structure of the graded FAST pellet (diameter 30 mm and height 12.5 mm) 

and the placement of the samples for experimental characterization. 
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4. Industrial processing of metastable β-Ti alloy for hip 

implant manufacturing 
One of the parts of my dissertation project was the work on an industrial project 

“New generation of joint implants manufactured from a beta titanium alloy” led by 

company Beznoska, s.r.o. with two partners: Charles University and company 

COMTES FHT, a.s. The main aim of this project was to develop a manufacturing 

procedure for hip implants stem from the Ti-35Nb-7Zr-6Ta-0.7O alloy which was 

patented by Beznoska and Charles University previously [142]. A viable industrial 

technology for manufacturing of hip implant stem is shortly outlined in this chapter. 

Importantly, such manufacturing technology can be also used for newly developed 

alloys described in the following chapters. 

4.1. Casting and homogenization 
The casting of the alloy was performed in company Retech LLC, USA, with 

which we have previously cooperated on ingot manufacturing [139,143]. The size of 

the ingot was selected on the basis of further required processing. First the ingot must 

be thoroughly worked (e.g. forged) with area reduction of at least 70% as shown in my 

diploma thesis [139]. Second, the worked rod must have a minimum diameter of 35 

mm to allow for subsequent die-forging of hip implant stem semi-product. Therefore, 

large diameter of 100 mm (4 inches, in fact) was selected for the ingot casting. 

The input materials were titanium sponge, zirconium sponge, pieces of niobium 

and tantalum and TiO2 powder. The large ingot had to be prepared by a dedicated 

procedure in three steps. In the first step, 2kg compacts with nominal composition were 

melted by plasma arc in He with a resulting diameter of 100 mm and height of 75 mm. 

In the second step, 4 ingots with a diameter of 50 mm were prepared by melting of the 

compacts in a tiltable mould and pouring the melt into an induction-heated (150 kW) 

crucible with diameter of 50 mm. The crucible can be opened from the bottom and the 

ingot is pulled a little to enable pouring another 400-500 g of melt. The top part of the 

material remains liquid until the whole ingot is finished. This procedure is called 

sequential pour casting. The final ingot with a diameter of 100 mm was prepared by 

the same procedure using the 4 previous ingots and larger crucible (diameter 100 mm). 

Note that the material is extremely prone to contamination by oxygen, nitrogen and 

hydrogen, therefore the whole procedure takes place in a pure He atmosphere. The 

final ingot is shown in the photo in Figure 17. The surface of the ingot was uneven 

therefore it had to be machined to a diameter of 90 mm before further processing. 
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Figure 17: Cast ingot of Ti-35Nb-7Zr-6Ta-0.7O. The detail shows surface irregularities 

created by fast cooling by the mould during sequential casting. 

After casting, the material contains dendritic inhomogeneities caused by 

preferential solidification of metals with high melting points (Nb, Ta), similarly as in 

the case of laboratory-scale arc melting. On the other hand, the interdendritic spacing 

was about 200 µm, which is much more compared to the as-cast microstructure of the 

laboratory scale arc-melted rods with the interdendritic spacing of about 20 - 40 µm 

(cf. Figure 11). Consequently, higher temperatures and/or longer annealing times must 

be used for homogenization of such microstructure.  Extensive experimental study was 

performed to find out that this inhomogeneity can be removed by homogenization 

annealing at temperatures of 1200 - 1400 °C. The annealing time needed for a full 

homogenization varies according to the used temperature. While only 4h were 

sufficient for homogenization at 1400°C, about a day was needed at 1200°C. Since 

most industrial vacuum furnaces allow a maximum temperature of 1200°C, the ingot 

was homogenized at 1200°C/24h in a vacuum in the company Pilsen Tools, Czech 

Republic. 

Figure 18 shows SEM images of the as-cast condition and homogenized 

condition as well as energy-dispersive spectroscopy (EDS) line scans in both 

conditions. The dendrite spacing in the as-cast condition is in the order of 100-200 µm. 

In the homogenized condition, the dendrites are fully dissolved and the only remaining 

heterogeneity is visible on a much larger scale of millimetres with a maximum 

deviation in the composition of about 1 wt%. 
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Figure 18: a) SEM image of dendritic inhomogeneity of cast alloy, b) SEM image of 

microstructure after homogenization 1200°C/24h, c) EDS line scan in as-cast condition, d) 

EDS line scan after homogenization. Note that the x-axis scale is much wider for the 

homogenized condition. 

4.2. Rotary swaging and solution treatment 
First, conventional hot rolling was considered for deformation of the Ti-35Nb-

7Zr-6Ta-0.7O alloy. Smaller ingot (diameter 50 mm) prepared previously was used 

for these experiments not to spoil the large ingot. Common plastometric tests 

suggested that the material is considerably strong even at increased temperatures above 

1000 °C. Indeed, it was found out, that the material remains too strong at even very 

high temperatures of 1200 – 1300 °C, significantly complicating the rolling process 

[139,144]. Even more importantly, exposure to high temperatures in aire leads to 

formation of severely oxidized surface region. Due to these disadvantages of rolling, 

rotary swaging was selected for material processing and proved to be an effective way 

for the mechanical working of this alloy. 

While the rotary swaging technique is widely spread for working pieces with a 

diameter of 30 mm or less, bigger machines are much scarcer. In the end, the rotary 

swaging was performed in company Ingpuls GmbH, Germany, where it was possible 

to start with a diameter of 80 mm and swage the ingot down to 38.5 mm in 9 steps at 

the temperature of 900 °C. Machining from a diameter of 90 mm to 80 mm has been 

performed before the swaging. After each swaging step (10-20% of relative area 

reduction), the rod was reheated for 15-20 min during which the dies changing 
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occurred. Finally, the area reduction of 77% has been reached and the rod was left to 

cool freely. 

The microstructure of the rotary swaged rod was analyzed by SEM (Figure 

19a,b). Overview image in Figure 19a shows homogeneous deformation at a large 

scale. In the detailed image (Figure 19b), dark particles were found which were 

identified as the α phase. It could have precipitated either during the rotary swaging 

process at 900°C or during the cooling process. 

To dissolve the formed α and recrystallize the microstructure, solution treatment 

(ST) annealing was performed in COMTES FHT, a.s. company. Two-stage heating 

was performed. First, the rod was preheated to a temperature of 550 °C at the rate of 

10 K/min and soaked for 40 min. After preheating, it was inserted into another furnace 

directly at 1000 °C. The annealing time was 35 min, followed by water quenching. For 

protection against oxidation, the rod was covered with a surface coating (Tinderex). 

The resulting microstructure, shown in Figure 19c,d, is fully recrystallized with 

a grain size of about 100 µm and free of secondary phase particles. In this condition, 

tensile and fatigue testing was performed. 

 

  

  

Figure 19: SEM images of the swaged rod a) overview, b) detail with apparent α particles 

created during slow cooling. SEM images of the swaged and solution-treated rod c) 

overview, d) detail of refined grain size. 

4.3. Finishing procedures and mechanical properties 
The last step of thermomechanical processing was the die-forging of the 

prepared rod into the shape of implant semi-products using a hydraulic spindle press. 

For this step, the rod was cut into 20 cm long pieces and each piece was processed as 

follows: 

1) induction furnace heating to a temperature of 1150 °C on air (heating time of 

approx. 10 min), 
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2) die-forging with a speed of about 0.1 m/s, 

3) water quenching of the formed piece within less than 1 min after taking it out 

of the furnace. 

The forged semi-products for the preparation of 8 prototypes are shown in Figure 

20a. Final processing included electric discharge machining, electro-polishing and 

surface treatment by spray-coating with Ti and hydroxyapatite. The final stem 

prototype is shown in Figure 20b. Six of these prototypes were used for fatigue testing 

under conditions specified in ISO 7206-4. 

  

Figure 20: a) Implant semi-products formed by die forging from the swaged and solution-

treated rod. b) Finished implant stem made from Ti-35Nb-7Zr-6Ta-0.7O alloy. 

The mechanical properties evaluated on the solution-treated rod (before die 

forging) are shown in Figure 21 together with results from the as-cast ingot. From the 

tensile curves shown in Figure 21a, it follows, that the developed material processing 

route has substantially improved the yield strength, ultimate tensile strength as well as 

ductility. Another difference between the two conditions is the much more pronounced 

sharp yield point after the processing, which is caused by the higher interaction of 

dislocations with the oxygen atoms. 

The results of fatigue testing shown in the S-N plot in Figure 21b indicate that 

the improvement at higher stress amplitudes is rather negligible, however, below 400 

MPa the processed material clearly outperforms the cast condition with the fatigue 

limit σf at 340 MPa. This value is rather surprising when it is compared with static 

tensile material properties (ultimate tensile strength σu of 1300 MPa) yielding a ratio 

σf / σu = 0.26 which can be considered very low. This ratio can span however quite 

wide as depending on many material conditions. In this case the lack of surface 

compressive stresses [145] seems to play the main role. After solution treatment, the 

rod does not contain the compressive stresses due to long exposure to high temperature 

and resulting recovery. Also, the samples were machined from the inside of the 

solution-treated rod by electric-discharge cutting, which prevented any stresses 

possibly present at the surface of the rod from affecting the fatigue samples. On the 

other hand, the forgings of final prototypes were quenched directly after obtaining 

nearly the desired shape and machining (by electric discharge) the very surface only. 
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Therefore, the surface compressive stresses are much more likely to be present in the 

final prototypes. 

  

Figure 21: Improvement of the material properties by the applied procedure. a) tensile 

testing, b) fatigue testing at R = -1. 

The fatigue testing of the implant prototypes according to ISO 7206-4 

methodology was performed by mounting the prototypes into a low-molecular epoxy 

resin at a specified angle. A large implant head (i.e. the worst case scenario) from 

stainless steel was attached to the implant stem and cyclic sine wave load has been 

applied with the minimum force Fmin = -250 N and maximum force Fmax = -2300 N. 

The regime of fatigue testing was, therefore, compression-compression, however, due 

to the complex shape of the prototypes and testing geometry used, tensile stresses were 

present as well. The frequency of the sine wave of 5 Hz was used. 

All 6 prototypes have survived 5 000 000 cycles without any apparent cracking 

in NaCl solution in distilled water (9 g/kg) kept at 37 °C. Moreover, one of the 

prototypes was tested also with higher force amplitudes. After finishing the testing 

according to a standard, the Fmax value was increased by -500 N (i.e. into higher 

compressive loads) and tested further. This procedure was repeated until  

Fmax = -5800 N at which the testing resin has been broken without any apparent damage 

to the implant stem prototype. Therefore, the implant stems from Ti-35Nb-7Zr-6Ta-

0.7O alloy not only fulfils the fatigue requirements of the standard but even exceeds 

them by a factor of about 2.5 considering the maximum applied force. 

In this brief chapter, it has been shown that Ti-Nb-based metastable β alloys with 

high O content can be manufactured into working products – hip implant stems – 

fulfilling the required properties. However, the main focus of this thesis is the 

development of new alloys with the best combination of properties and complete 

description of the physical processes leading to such properties. 

 



  

39 

 

5. Metastable Ti alloys with lower β phase stability 
This chapter describes preparation of new alloys with improved properties via 

the “classical route” described in section 3.2. The prepared alloys are listed in Table 3 

that contains their composition (nominal in the case of metallic elements and measured 

contents of oxygen and nitrogen by IGF) as well as the determined rough β transus 

temperature intervals. 

Table 3: List of studied alloys. The composition given in wt% shows nominal contents for 

metallic elements and IGF-measured contents for O and N. The β transus ranges determined 

from testing of recrystallization temperatures are shown. 

Batch Alloy 
Nb 

(%) 

Zr 

(%) 

Ta 

(%) 
O (%) N (%) 

β transus 

temperature 

#1 

Ti-35Nb-6Ta-7Zr-0.7O 35 7 6 0,669(8) 0,0435(4) 800 – 900 °C 

Ti-32Nb-6Ta-7Zr-0.7O 32 7 6 0,671(3) 0,0353(3) 800 – 900 °C 

Ti-29Nb-6Ta-7Zr-0.7O 29 7 6 0,70(3) 0,034(5) 800 – 900 °C 

Ti-26Nb-6Ta-7Zr-0.7O 26 7 6 0,702(7) 0,0497(13) 800 – 900 °C 

Ti-35Nb-7Zr-0.7O 35 7 - 0,752(8) 0,0293(11) 800 – 900 °C 

Ti-29Nb-7Zr-0.7O 29 7 - 0,699(4) 0,0359(4) 800 – 900 °C 

#2 

Ti-26Nb-7Zr-0.9O* 26 7 - 0,947(4) 0,080(3) 900 – 1000 °C 

Ti-23Nb-7Zr-0.7O 23 7 - 0,785(3) 0,098(2) 900 – 1000 °C 

Ti-20Nb-7Zr-0.7O 20 7 - 0,756(2) 0,091(1) 900 – 1000 °C 

Ti-35Nb-0.7O 35 - - 0,767(1) 0,065(9) 1000 – 1100 °C 

Ti-29Nb-0.7O 29 - - 0,767(4) 0,0497(6) 900 – 1000 °C 

#3 

Ti-23Nb-6Ta-7Zr-0.7O 23 7 6 0,663(13) 0,0090(6) < 900°C 

Ti-20Nb-6Ta-7Zr-0.7O 20 7 6 0,676(10) 0,0116(8) < 900°C 

Ti-17Nb-6Ta-7Zr-0.7O 17 7 6 0,686(9) 0,0088(2) < 900°C 

#4 

Ti-32Nb-7Zr-0.5O 32 7 - 0,49(5) 0,054(2) < 1000°C 

Ti-32Nb-7Zr-0.6O 32 7 - 0,631(9) 0,0329(8) < 1000°C 

Ti-32Nb-7Zr-0.8O 32 7 - 0,861(12) 0,04(5) < 1000°C 

5.1.  Microstructure and phase composition observed by SEM 
The microstructure of individual alloys after recrystallization annealing 

observed by SEM is shown in Figure 22, Figure 23 and Figure 24. Coarse and equiaxed 

grains were observed in all alloys. The grain size was between 50 and 200 μm, which 

is a reasonably fine microstructure with respect to the size of other sample dimensions 

used for characterization (tensile sample with 2 mm diameter, RUS sample with 2 × 3 

× 4 mm3). The grain size is influenced by the recrystallization temperature and the 

melting temperature of the alloy (i.e., by the homologous temperature of 

recrystallization). The alloys Ti-35Nb-6Ta-7Zr-0.7O, Ti-32Nb-6Ta-7Zr-0.7O (Figure 

22a,b) and Ti-35Nb-0.7O (Figure 24d) were recrystallized at a temperature of 1100 °C 

and therefore contain comparatively larger grains. All other alloys were recrystallized 

at a lower temperature of 1000 °C. The grain size of these alloys increases with 

decreasing the Nb content and with absence of Ta which correlates with decreasing  

melting temperature of the particular alloy. 

Contrast variations (wavy structures) are observed in some alloys with a higher 

content of high-melting elements (Ta, Nb). These are chemical inhomogeneities 

present due to incompletely homogenized dendrites formed during casting [146] and 

partly deformed during cold swaging. 
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Figure 22: Microstructure of the alloys containing 6% Ta and 7% Zr after swaging and 

recrystallization annealing. Full recrystallization with no visible secondary phase 

precipitates is observed in most of the alloys. In contrast, the whole volume of Ti-17Nb-7Zr-

6Ta-0.7O alloy has been transformed to α″ martensite, yet few prior β grains can still be 

recognized. 
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Figure 23: Microstructure of the alloys without Ta and with 7% of Zr after swaging and 

recrystallization annealing. In h), Ti-20Nb-7Zr-0.7O, secondary α″ phase formation is 

visible in areas denoted by green arrows. 
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Figure 24: Microstructure of the alloys without Ta and Zr after swaging and recrystallization 

annealing. 

Note that all alloys appear to possess a single-phase microstructure except for 

Ti-17Nb-7Zr-6Ta-0.7O and Ti-20Nb-7Zr-0.7O. The Ti-17Nb-7Zr-6Ta-0.7O alloy 

shows full transformation to α″ phase, while in the Ti-20Nb-7Zr-0.7O alloy, there are 

some regions, marked by arrows in Figure 23c, containing the α″ phase. This phase is 

shown in detail in Figure 25, where the morphology typical for the α″ martensite can 

be observed, especially in Figure 25b, with apparent twinning inside a martensite 

lamella. The reason for the inhomogeneous distribution of the areas with the α″ phase 

is that this composition is on the very edge of stability of the β phase and even small 

local fluctuation would lead to a martensitic transformation. It is thus possible, that 

there are few chemically inhomogeneous areas, similarly as in other alloys with higher 

Nb/Ta content, and when this area is slightly depleted of Nb, the transformation will 

occur locally. In contrast, the Ti-17Nb-7Zr-6Ta-0.7O seems to be already behind the 

edge of stability, its full transformation is further documented by XRD measurements. 

 

Figure 25: Details of the microstructure of Ti–20Nb–7Zr-0.7O: a) region, containing α′′ 

martensite, b) several lamellae with apparent twinning inside them. 

5.2.  Phase composition determined by XRD 
XRD measurements were used to determine the phase composition of the studied 

alloys. The diffraction patterns are shown in Figure 26. Alloys containing Ta and Zr 

are characterized by a single β phase for Nb concentrations of 26% and higher, while 

for the alloys without Ta and with 7% Zr the single β phase is only down to 29% Nb. 

The small peaks at 2θ of 15.3° and 20° observed in measured patterns are attributed to 
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(211)β and (310) β reflections, respectively, arising from the higher harmonic energy 

of the incident Mo Kα X-ray beam (denoted as λ/2). 

On the other hand, ω phase reflections were found in alloys without Ta and with 

Nb content of 26% and lower (Figure 26b) and for both alloys without Zr and Ta 

(Figure 26c). The reflections were more intense (higher volume fraction) in alloys with 

lower Nb content. Note that the ω phase cannot be observed in SEM, as the athermal 

ω phase particles have a size of a few nm [147].  

 

 

Figure 26: XRD patterns of a) alloys containing 6% of Ta and 7% of Zr, b) alloys without Ta, 

containing 7% of Zr and c) alloys without Ta and Zr content. The tick marks in the bottom 

part of each graph indicate the positions of the peaks for each present phase (incl. peaks 

from the β phase, diffracted at double energy/half wavelength). The lengths of the ticks are 

proportional to the theoretical relative intensities for each phase present.  
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In the alloy Ti–20Nb–7Zr-0.7O, the presence of the α″ phase was confirmed, 

consistently with SEM observations. Its presence is manifested in the asymmetry of 

the (110)β peak and small isolated (200)α″ and (130) α″ peaks which can be found at 2θ 

of 26.5° and 28.1°, respectively. However, their intensity is very low due to the low 

volume fraction of the α″ phase. In the alloy Ti-29Nb-0.7O, the presence of the α″ 

phase is observed from XRD results, despite the lack of its detection from the BSE-

SEM image, which can be caused by its even scarcer presence (i.e. lower volume 

fraction) and even smaller size of particles compared to Ti-20Nb-7Zr-0.7O. 

Consistently with the SEM observations, the Ti-17Nb-7Zr-6Ta-0.7O alloy is formed 

fully by the α″ phase. 

5.3. Transmission electron microscopy and detection of nano-sized 

particles 
Detection of the ω phase by XRD is very clear for some of the alloys, while in 

other cases, it is difficult to determine its presence (or absence). Two alloys with the 

same amount of Nb but differing in Ta absence/presence were thus selected for 

observation using TEM: 1) Ti-26Nb-7Zr-0.9O, for which a very small peak, 

corresponding to ω phase can be still recognized in Figure 26b at 34° and 2) Ti-26Nb-

7Zr-6Ta-0.7O in which any fluctuation of intensity at the positions corresponding to 

ω phase are within the fluctuations of the background intensity. The TEM images are 

shown in Figure 27. From the electron diffraction patterns, taken at <110>β directions, 

it follows, that no clear ω phase reflections are present in Ti-26Nb-7Zr-6Ta-0.7O alloy, 

in agreement with the XRD results. In Ti-26Nb-7Zr-0.9O alloy, ω phase reflections 

are present yet they are not very intense. The dark-field image from the spot in the 

yellow circle of Figure 27b is shown in Figure 27d. Despite the lack of presence of 

clear ω reflections in Ti-26Nb-7Zr-6Ta-0.7O, diffuse streaks can be observed at the 

corresponding locations. This may suggest that there exists an incompletely evolved 

(collapsed) ω phase which could perhaps be detected only by specialized methods of 

capturing reflection in reciprocal space. This reflection is forbidden for both the β and 

ω structures as described in [148]. It has been found in binary Ti-xNb alloys that 

similar diffuse streaks captured at room temperature can transform into more clear ω 

phase reflections upon cooling to cryogenic temperatures [149]. Such behaviour is also 

connected with an increase of electrical resistivity upon cooling due to the formation 

of the ω particles that are blocking the passing electrons [150].  

Apart from the ω phase, there are also other reflections present in both alloys 

observed by TEM. In the diffraction patterns at <110>β direction, they are located at 

position ½{112}β (in the centre of each four positions of ω phase reflections) and are 

visible in both alloys (denoted by green circles). These reflections were identified in 

[29] as nanodomains of the orthorhombic O′ phase. Such nanodomains were first 

believed to be caused by the presence of oxygen in alloys with high enough O content 

[151,152], however, the necessity of the oxygen presence was proven redundant after 

finding such nanodomains in metastable β Ti alloy containing yttrium that has 

scavenged most of the available oxygen from the matrix [153]. Figure 27c shows the 

dark-field image of the O′ nanodomains in sample Ti-26Nb-7Zr-6Ta-0.7O alloy. When 

comparing these particles with the ω particles in Ti-26Nb-7Zr-0.9O alloy, the ω seems 

to be larger than O′ (note the different scale bar). 

 



  

45 

 

Figure 27: TEM diffraction patterns at <110>β (a-b) and dark-field images (c-d) of: a), c) 

Ti-26Nb-7Zr-6Ta-0.7O alloy; b), d) Ti-26Nb-7Zr-0.9O alloy. The dark-field images were 

captured using the diffraction spots of O′ phase and ω phase for Ti-26Nb-7Zr-6Ta-0.7O 

(green circle) and Ti-26Nb-7Zr-0.9O (yellow circle) alloys, respectively. 

5.4. Microhardness 
The microhardness of the studied alloys is shown in Figure 28 as a function of 

Nb content for each group of alloys. For the alloys of both types Ti-xNb-7Zr-6Ta-

0.7O and Ti-xNb-7Zr-0.7O, a minimum is observed at about 29-32% of Nb. Below 

this Nb content, microhardness rises, which is partly attributed to the increasing 

content of the ω phase, but the rise begins even before the fully collapsed ω particles 

are formed. For instance, in Ti-26Nb-7Zr-6Ta-0.7O the microhardness value is already 

rising although there are only diffuse streaks visible at the diffraction patterns captured 

by TEM (Figure 27a). It is of course possible, that the difference in microhardness can 

be caused either by only partially collapsed ω particles or the O′ particles, whose 

presence was suggested by the TEM diffraction patterns. The rising microhardness for 

values higher than 29-32 % Nb is caused by higher shear modulus (as shown below) 

which is directly proportional to the Peierls stress for movement of dislocations. The 

difference in the amount of the ω phase drives the microhardness of the Ti-29/35Nb-

0.7O alloys. In the case of the Ti-32Nb-7Zr-yO with slightly different contents of 
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oxygen, the strong interstitial hardening effect of O can be compared directly with the 

effect of ω phase caused by changing several wt% of Nb, Ta or Zr. 

 

Figure 28: Microhardness of the studied alloys. The blue dots are marked by a star in the 

legend as three of the shown alloys contain an O content different to 0.7 wt% (which are 

marked just near the respective points. 

5.5.  Tensile properties 
Tensile curves for all alloys are shown in Figure 29. Due to the high content of 

interstitial oxygen, most alloys exhibit a sharp yield point, which is attributed to the 

interaction of oxygen atoms with the dislocations. In these cases, the yield stress was 

established as the upper yield stress, i.e. peak height of the sharp yield point. For all 

alloys with 6% of Ta from batch #1, the yield stress exceeded 1000 MPa and the 

ultimate tensile strength was about 1200 MPa, as shown in Figure 29a. After reaching 

the ultimate tensile strength, the stress gradually decreases due to plastic instability 

and formation of the neck. As this part of the tensile curve is very pronounced, it shows 

us very ductile behaviour even after uniform elongation. Uniform elongation reaches 

at least 12% while total plastic elongation exceeded 17%. 

Similar properties were measured for two of the alloys without Ta: Ti-35Nb-

7Zr-0.7O and Ti-29Nb-7Zr-0.7O as shown in Figure 29b. However, a lower content 

of Nb in the material rapidly decreases its plastic elongation. Both Ti–26Nb–7Zr-0.9O 

and Ti–23Nb–7Zr-0.7O alloys still showed a pronounced sharp yield point, but 

elongation was only about 5% and 1%, respectively. The Ti–20Nb–7Zr-0.7O failed 

already in the elastic region. Decreased ductility of these alloys is caused by the 

presence of the ω phase particles causing imminent embrittlement [6,127]. The more 

ω phase was found in the materials (by XRD or TEM), the more brittle the behaviour 

was observed. Even the Ti-29Nb-7Zr-0.7O alloy was less ductile compared to the more 

stabilized alloys (in terms of Nb and Ta content) and it can be thus expected that there 

was some non-zero content of the ω phase also in this alloy. 
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Figure 29: Tensile curves of alloys from batch #1 and #2: a) alloys with 7% of Zr and 6% of 

Ta; b) alloys without Ta and with 7% of Zr; c) alloys without Zr and Ta. Tensile curves of 

alloys from batch d) #3 and e) #4. 

The two Ti-(29/35)Nb-0.7O alloys from batch #2 have similar tensile behaviour 

as Ti-26Nb-7Zr-0.9O and Ti-29Nb-7Zr-0.7O, although much higher content of the ω 

phase was detected in them and even the α″ martensite in Ti-29Nb-0.7O, which was 

detrimental in terms of ductility of the other alloy, it which the α″ was present (Ti-

20Nb-7Zr-0.7O). 

Qualitatively different tensile behaviour was observed for the alloys in batch #3. 

The content of oxygen, which was slightly lower than the nominal 0.7 wt%, was still 

close to that of the initial alloy Ti-35Nb-7Zr-6Ta-0.7O (about 0.67 wt%). However, 

the sharp yield point (yield drop) was not observed even for the ductile alloys from 

this batch and strong strain hardening led to high ultimate tensile strength of more than 
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1400 MPa for two of them. The yield stress in this batch was between 1100 MPa and 

1200 MPa, therefore higher than in the previous batches, but the behaviour of the 

alloys, consisting of decrease of ductility when approaching the limit of metastability 

of the β phase, has remained the same: alloy Ti-17Nb-7Zr-6Ta-0.7O has ruptured 

before undergoing any plastic deformation and another two alloys with 6% of Ta 

followed by increasing the ductility similarly as in Figure 29b for alloys not containing 

Ta. The alloy Ti-26Nb-7Zr-0.7O that was prepared in place of the Ti-26Nb-7Zr-0.9O 

from batch #2 was meant to replace the results with the O content, closer to the nominal 

and desired 0.7 wt%. Since all alloys from this batch had a behaviour very different 

from the previous batches, direct comparison of tensile behaviour with other batches 

is problematic and should be avoided. On the other hand, for other measured properties 

(phase composition, microhardness, elastic modulus), batch #3 alloys seem to follow 

the expected trends. The cause of the different behaviour could be hidden in the precise 

chemical composition: since this batch was melted and cast in-house using very pure 

input elements (especially Ti with a purity of 99.999%, way more than any commercial 

Ti grade), the content of N was kept at 0.01 wt% and less, i.e. much lower than for the 

other studied batches. Small increase in the content of N was observed to cause huge 

effect on the ductility in β Ti alloys [40] and recently, the extra low N content was 

found to be a way for strengthening of pure Ti by as much as 0.8 wt% of oxygen while 

preserving high ductility [65]. 

Finally, batch #4, comprised three alloys that differed in oxygen content only: 

Ti-32Nb-7Zr-0.5/0.6/0.8O. The change in tensile behaviour as observed in Figure 29e 

between the individual O contents was expected based on previous work done in our 

group [75,154]. While for the O content of 0.5% (actually 0.45%, to be precise), 

neither strain hardening nor sharp yield point are observed, when increasing the O 

content to 0.6%, the sharp yield point appears but still no significant hardening. Only 

the highest O content of 0.8% leads to both mentioned effects, the latter causing an 

improvement in ductility. 

5.6.  Elastic moduli 
Unlike most previous sections of this chapter, the measurements of Young’s 

moduli by resonant ultrasound spectroscopy are shown as a single graph only in Figure 

30. This allows us to follow the trends of different groups of alloys when changing the 

Nb content. Note that the measurements for alloys in different batches are given in 

different symbol shapes and measurements for different groups of alloys (e.g. alloys 

with Ta, without Ta and Zr) are given in different colours. 

The two groups, Ti-xNb-7Zr-6Ta-0.7O and Ti-xNb-7Zr-0.7O, that are 

represented by a high number of alloys (i.e. measurement points) follow a similar 

trend: when starting at the highest Nb content, Young’s modulus gradually decreases 

with the decreasing Nb concentration, until reaching a minimum of about 65 GPa, that 

is similar to the original Ti-35Nb-7Zr-6Ta oxygen-free alloy, patented in 1999 [53], 

having Young’s modulus of 63 GPa [75]. These values can be considered very low, 

especially when compared with the usual β-Ti alloys, having Young’s modulus 

between 78-103 GPa [6]. When removing even more Nb, a steep increase caused by 

higher ω phase content follows, which brings the value of Young’s moduli up to values 

of 105-115 GPa. The ω phase itself is the stiffest among the phases of Ti alloys 

[107,155,156]. For the alloy with the lowest content of Nb (Ti-17Nb-7Zr-6Ta-0.7O), 

Young’s modulus started to decrease again. The trend of the Ta-containing group is 

shifted to lower concentrations of Nb, as expected, by about 3 wt% of Nb. Thus, Nb 

proved to be a stronger β stabilizing element compared to Ta which is qualitatively in 
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agreement with their relative values of the Mo equivalences: 0.28 and 0.22 wt% for 

Nb and Ta, respectively [86]. 

 

Figure 30: Young’s moduli of the studied alloys. Ti-35Nb-7Zr-6Ta (without oxygen) is shown 

for comparison [75]. *O content for alloys from batch #4 is specified near the symbols. 

Two alloys Ti-xNb-0.7O fit the behaviour of the previous groups when shifting 

to the left. The different position on the x-axis (in Nb content) follows from omitting 

the Zr content. Although Zr is classically considered a neutral element with respect to 

transformation between α and β phases [84], it was assigned with a non-zero value of 

Mo equivalent of 0.47 wt% several years ago [86]. Also, Zr was found to hinder the 

formation of the ω phase in Ti-Nb alloys which supports its β stabilizing role with 

respect to the proximity of the alloy to lattice instability (causing the formation of the 

athermal ω phase and/or ultimately of the α″ martensite) [157]. Based on this 

comparison, we could estimate, that the minimum in Young’s modulus would be 

obtained for Nb content of about 36-38 wt% if the minimum would reach a similar 

value of about 65 GPa. On the other hand, XRD results suggest, that the α″ phase is 

present already in Ti-29Nb-0.7O alloy, which could point to a possibility that the 

minimum in Young’s modulus could lie in higher Nb concentrations, close to 40 wt%, 

as determined for the low-oxygen Ti-Nb alloys [158].  

The last point to notice is the behaviour of Ti-26Nb-7Zr-0.9O alloy which has a 

lower value of Young’s modulus, compared to the same composition with lower O 

content of 0.7%. In other words, in this particular case, the higher O content leads to 

lower Young’s modulus. On the other hand, the three alloys from batch #4 having the 

same content of Nb and Zr follow the opposite trend and higher O content increases 

the modulus. The same case is with the original Ti-35Nb-7Zr-6Ta in which O addition 

increases the modulus [75]. The difference is in the positioning of the alloy relatively 

to the minimum – as the O content shifts the martensite start (and related region of ω 

formation) to lower contents of β stabilizers, it lowers the modulus for alloys on the 

left-hand side but increases for the alloys on the right-hand side from the minimum. 
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The most promising alloy in terms of its mechanical properties is, therefore, the 

Ti–29Nb–7Zr-0.7O alloy. This alloy achieved an elastic modulus of 65 GPa, which is 

nearly as low as in the benchmark Ti–35Nb–6Ta–7Zr alloy [75]. In comparison with 

this benchmark alloy, the strength of the Ti–29Nb–7Zr-0.7O alloy is more than double, 

due to the oxygen content. Another benefit follows from the fact that Ta, the most 

expensive element from the Ti–Nb–Zr–Ta system, is not needed for achieving such a 

combination of properties, which has a positive effect on the overall price of the final 

alloy. 

5.7.  Discussion: achieving high strength and low elastic modulus 
The high strength of the studied alloys is easily explained by the interstitial 

strengthening of the high oxygen content [75,159,160]. In previously developed 

biomedical Ti alloys with low oxygen content, alloying with Ta provided some solid 

solution strengthening [13,53,161]. In the presence of oxygen, Ta is not required for 

strengthening and can be avoided in high-oxygen alloys. This is of particular 

importance due to both the high price and the high melting point of Ta. 

While the effect of oxygen on strength is clearly understood, the effect of 

composition on ductility and elastic modulus is more peculiar. Since the working 

temperature of biomedical alloys is body temperature (37°C), the composition of the 

material should be tuned such that the “ideal” properties (mainly low elastic modulus 

caused by premartensitic softening) are achieved just at this temperature. This means 

that the martensite start (MS) temperature for a given alloy composition should be just 

sufficiently below the working temperature to prevent formation of α″ phase during 

quenching after ST, but at the same time, not too low  as the effect of the premartensitic 

softening would be no longer as strong [83]. The presence of the stiff ω phase should 

be also avoided by composition tuning [162]. Note that while in the individual grains, 

lattice instability results in premartensitic softening of particular combinations of 

elastic coefficients, in a polycrystalline material, this softening inside of the grains 

results in a decrease of the macroscopic Young’s modulus [163,164]. 

In metastable β-Ti alloys, the content of the β stabilizing elements is sufficient 

to suppress the martensitic transformation β → α′′, and the β phase can be retained 

after quenching. In alloys with high oxygen content such as the Ti–35Nb–7Zr–6Ta-

0.7O alloy [75], oxygen significantly affects the phase stability of the β matrix. Oxygen 

is an α stabilizing element in terms of increasing the β transus temperature in pure Ti 

[88] and in metastable β-Ti alloys [44,74,89]. This relates to the altering of Gibbs 

energies of α and β phases by variations in the interstitial content. α stabilization effect 

is therefore related to thermodynamic equilibrium achieved via diffusional processes.  

On the other hand, interstitial oxygen acts as a β stabilizing element in the competition 

between β and α′′ and shifts the Ms temperature of α′′ formation to lower temperatures 

[3,40,44,90,109,113,165–167]. Interstitial atoms hinder the possibility of shear of 

atomic planes, effectively suppressing the martensitic transformation. 

These considerations are depicted in Figure 31, which presents a schematic 

pseudo-binary phase diagram of Ti–Zr–Nb–Ta–O alloys. The diagram is pseudo-

binary in the sense that one constituent is not pure Ti, but a Ti–7Zr composition. The 

horizontal axis represents for simplicity the content of Nb + Ta in wt% (the effect of 

Ta on phase stability is slightly weaker compared to Nb [86]). This unusual 

construction allows us to show the position of the quaternary Ti–35Nb–7Zr–6Ta (low-

oxygen) alloy in the diagram. Note that the blue lines are relevant for alloys without 

oxygen. 

The effect of oxygen is incorporated into the diagram such that the first 

constituent in the diagram (on the left-hand side) is not Ti–7Zr but a Ti–7Zr-0.7O 
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composition. The red lines are relevant for alloys with 0.7% of oxygen. It can be 

observed that the oxygen increases the stability of the α phase in the equilibrium phase 

diagram by shifting the solid lines to higher temperatures and higher Nb/Ta 

concentrations. In this red diagram, the position of Ti–35Nb–7Zr–6Ta-0.7O alloy is 

depicted, being at the same location as the oxygen-free Ti–35Nb–7Zr–6Ta in the blue 

diagram. 

Apart from solid lines representing the equilibrium diagram, the dashed lines 

represent MS temperature - the start of the martensitic transformation β → α″. Low 

modulus of the Ti–35Nb–7Zr–6Ta (63 GPa) alloy is caused by the partial 

premartensitic softening - ‘proximity to the martensitic transformation’ (proximity to 

the blue Ms line) with no concurrent formation of the ω phase. On the other hand, the 

elastic modulus of the Ti–35Nb–7Zr–6Ta-0.7O alloy (80 GPa) is much higher, 

because oxygen is a β stabilizing element with respect to β → α″ martensitic 

transformation (red MS line is shifted to the left). 

 

Figure 31: Schematic pseudo-binary phase diagram showing qualitatively different effects of 

oxygen content on the boundaries between the stable phases (solid lines) and the martensite 

start temperature (dashed lines). The blue and red lines correspond to the additions of β-

stabilizing Nb/Ta into Ti–7Zr and Ti–7Zr-0.7O, respectively. 

From the diagram, it is clear, that for the restoration of premartensitic softening 

causing the low Young’s modulus, the alloy with 0.7% of oxygen needs to be shifted 

to lower contents of Nb/Ta, to a position just near the starting point of the athermal ω 

phase formation (in red dotted lines). Such an approach yields the favourable 

composition of the Ti–29Nb–7Zr-0.7O alloy having Young’s modulus of 65 GPa. 

Similarly, the Ti-26Nb-7Zr-6Ta-0.7O also hits this “sweet spot”, although it has a 

slightly higher Young’s modulus of 67 GPa. Nonetheless, the use of Ta is not 

favourable, when there is a viable alternative with only 3% higher Nb content, due to 

its price and melting point. 
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The last point relevant to the applicability of the developed alloys is their 

ductility. It is clear when comparing the tensile curves in Figure 29 and the phase 

composition following from XRD measurements in Figure 26, that ductility undergoes 

a serious drop when the ω phase starts to appear. The ω phase is known to reduce 

ductility and increase hardness of the metastable β titanium alloys [168]. This was 

firstly evidenced for Ti-15Mo alloy after ageing at 250°C/100h (minor ductility 

decrease) and 350°C/16h (severe decrease of ductility leading to failure already in 

elastic part) [169], where the differences were caused not by a different volume 

fraction of the isothermal ω phase, but due to their different sizes (being larger for 

higher temperature). In contrast, the athermal ω phase formed during quenching from 

temperatures above the β-transus usually does not have a devastating influence on the 

alloy’s ductility. This was evidenced for several binary Ti-V alloys for whose even 

higher content of β-stabilizing V leading to a lower content of athermal ω phase after 

ST decreased the ductility at the same time [170] and the alloy with the highest content 

of athermal ω phase was the most ductile, although this was most probably caused by 

activation of multiple deformation mechanisms (twinning and/or stress-induced 

martensitic transformation, in addition to dislocation slip). Generally, the influence of 

the athermal ω phase on the mechanical properties is rarely studied [171] as one cannot 

easily achieve both conditions with – and without the athermal ω phase – in a single 

alloy [172]. 

For alloys, containing higher amounts of oxygen, the presence of the athermal ω 

phase can be detrimental to ductility. In Ti-xNb-2Ta-3Zr-0.5O alloys, the ductility 

monotonically decreased when approaching the martensite start (by reduction of Nb 

content), although the ω phase was not explicitly detected [113]. In the study of oxygen 

content on the Ti-22.5Nb-0.7Ta-2Zr (at.%), it was found that adding up to 2 at.% of 

oxygen gradually decreases the ductility to very low values [72]. Unfortunately, the 

phase composition was not studied. In the case of the present thesis (and the related 

published paper [173]), it was found out that when the athermal ω phase starts to form 

in an alloy with high O content of about 0.7 wt%, ductility starts to decrease. For 

example, the two alloys, that were studied by TEM, Ti-26Nb-7Zr-6Ta-0.7O and Ti-

26Nb-7Zr-0.9O, there was not a big difference in their XRD measurements, although, 

for Ti-26Nb-7Zr-0.9O, a very small and wide ω phase reflections started to appear. In 

the diffraction pattern by TEM, the diffuse scattering in place of ω reflections 

suggested the collapse of (111)β planes was not complete, while there were clear ω 

diffraction spots for the other alloy.  

As a result, ω-free alloy had ductility similar to alloys with higher content of Nb 

while for an alloy with ω phase present, a significant ductility drop occurred, which 

could have been even amplified by the higher O content of this alloy (0.9 wt%). It was 

measured by atom-probe tomography (APT) in [174] that the isothermal ω phase is 

enriched in O content. This enrichment is the strongest at the β/ω boundary [175]. It is 

thus possible, that for low-oxygen alloys, when the athermal ω phase is formed during 

quenching, there is not enough of the available oxygen to make any difference in 

mechanical response, while for high-oxygen alloys, when athermal ω forms, it can 

consume a lot of O atoms as there is plenty in the matrix. Note that the size of the 

athermal ω phase is a few nm only [176], so even the limited diffusion length of oxygen 

during quenching or during subsequent natural ageing at an ambient temperature of 

the laboratory can have such an effect. In the low-oxygen alloys, during ageing, the ω 

phase consumes the rest of the oxygen and becomes brittle. In high-oxygen alloys, 

ageing is not needed, and brittleness is present already in the ST condition. 
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To put the mechanical properties, achieved in the developed alloys, to a broader 

context, Figure 32 was constructed with the data for the alloys studied in this thesis 

(ductility is restricted to a minimum of 10%) and data from various previous studies 

(papers and patents). The graph shows Young’s moduli as a function of yield tensile 

stress, bigger points mark the alloys from this thesis. Comparison of the achieved 

elastic moduli from different studies is not straightforward. In some studies, the elastic 

modulus is determined from tensile tests without the proper use of extensometers, 

which often leads to its significant underestimation [117]. Note that the extensometer 

was not used for tensile testing of the alloys studied in this thesis either, however, the 

Young’s modulus was determined independently by a very precise RUS method. 

Secondly, in super-elastic alloys, the average elastic modulus over the whole (non-

linear) elastic deformation is often reported [67,94]. The presented comparison also 

does not consider the ductility of the material. Some alloys with high strength suffer 

from limited ductility well below 10% (sometimes only 1-2 %) [44,90]. Finally, the 

properties of some of the materials are achieved only after intensive cold-rolling (e.g. 

90% of area reduction [177]) which limits the final size of the products, e.g. the 

femoral stem, discriminating their commercial use [178]. The alloys developed in this 

thesis have particularly high strength in comparison to most developed alloys, while 

some alloys (namely Ti-29Nb-7Zr-0.7O, Ti-26Nb-7Zr-6Ta-0.7O and Ti-35Nb-0.7O) 

also exhibit low elastic modulus and sufficient ductility.  

 

Figure 32: Comparison of achieved Young’s modulus and yield stress combinations (only 

alloys with ductility of at least 10% are shown) with other studies on metastable β-Ti alloys 

(alloys with any ductility are shown) [13,40,67,71,72,74,75,90,92,93,112,114,117,160,179–

181]. 

These properties were achieved by simple alloying without any subsequent 

special treatments. Cold-swaging, followed by recrystallization annealing, was used 

only as a convenient way to refine the casting microstructure [182]. During cold-

swaging, no oxygen intake could happen, but the diameter of the final swaged rods 



  

54 

 

was low (about 4.5 – 5 mm), so the following heat treatment was performed in a 

protective atmosphere/vacuum to prevent oxidation of inner part of material which 

could affect the measured properties (mainly tensile and elastic properties). Since a 

full recrystallization was achieved during the last β solution treatment, any special 

effects connected with cold working should not affect the final properties. 

Conventional techniques such as hot-rolling or die-forging lead to similar properties 

as was shown previously for Ti-35Nb-7Zr-6Ta-0.7O [143]. For the same alloy, the 

processing route described in Chapter 4 leads also to the fulfilment of the fatigue 

requirements for a stem – a load-bearing part of the total hip endoprosthesis. 
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6. High-throughput characterization of layered Ti-Nb based 

alloys 
A total of 17 Ti alloys were studied in the previous chapter, with the composition 

varying in the content of Nb, Zr, Ta and O. Several candidates with a good combination 

of high yield strength, high ductility and minimized Young’s modulus were identified. 

However, such a classical approach consumes a lot of time, effort and resources. In 

this chapter, the so-called high throughput methods were used for studying a wider 

range of Ti-Nb-based alloys. Alloys were prepared by the layering of powders 

consolidated by the field-assisted sintering technique (FAST). While the elastic 

behaviour was also partly in the scope, another aim was to study alloys that can 

undergo either martensitic transformation upon loading (stress-induced martensite – 

SIM) or deformation twinning. The perspective of such alloys would be a potential 

ductility improvement by TRIP and/or TWIP effects.   

6.1.  Preparation of layered samples 
The method of preparation of graded / layered samples was described in section 

3.3. The list of prepared samples is shown in Table 4. The selection of alloys followed 

the studied compositions from the previous chapter. First, a range of samples with 

various amounts of oxygen was prepared while keeping a content of 7 wt% Zr. Note 

that Nb content is varied among layers within each of the samples. The sample with 

the lowest O content (sample 6) was achieved without any addition of TiO2. The 

resulting O content was still larger (0.23 wt%) than in commercially used alloys 

(usually below 0.2 wt%) due to the impurity in powders, mainly in Nb powder (cf. 

Table 2). Lower values could be achieved by using e.g. spherical Nb powder. The 

content of Nb was adjusted for samples 1 – 4 to achieve a similar matrix stability 

(governing the elastic behaviour as well as other properties), for every roughly 0.2 

wt% O, the range of prepared Nb concentration was decreased by 3 wt%. However, 

this has proved to be too pronounced change in Nb content – a large portion of alloys 

contained α″ martensite already after quenching. Based on these results, for samples 5 

and 6 with lower O content (that were designed and prepared later), the Nb 

concentration range was kept the same as for sample 1 with 0.5 wt% O. In the rest of 

the samples (samples 7 – 10), the O content was fixed on a value of 0.5 wt% and the 

content of Zr was varied and/or 2 wt% of Fe was added while shifting the Nb content 

accordingly. 

While most of the alloys were characterized using SEM imaging, other 

techniques were used only for selected samples. In samples 1-4, the elastic properties 

and precise phase content were thoroughly studied (this research has been published 

recently in the Journal of Alloys and Compounds [138]). The compression testing 

accompanied by DIC measurements and acoustic emission measurements was 

performed on samples 5 – 10 and partially on samples 1 – 3 (by testing only those 

layers with β microstructure present after quenching). 
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Table 4: Samples prepared by FAST: nominal composition, measured O/N content. 

 
Composition 

(wt%) 
Ti 

Nb 

range 

(wt%) 

Nb 

step 

(wt%) 

Zr 

(wt%) 

Fe 

(wt%) 
O (wt%) N (wt%) 

Sample 1 Ti-xNb-7Zr-0.5O bal. 20 – 35 3 7 - 0.49(1) 0.033(2) 

Sample 2 Ti-xNb-7Zr-0.7O bal. 17 – 32 3 7 - 0.68(1) 0.030(1) 

Sample 3 
Ti-xNb-7Zr-

0.85O 
bal. 14 – 29 3 7 - 0.84(1) 0.029(2) 

Sample 4 
Ti-xNb-7Zr-

1.01O 
bal. 11 – 26 3 7 - 1.01(2) 0.029(2) 

Sample 5 Ti-xNb-7Zr-0.3O bal. 20 – 35 3 7 - 0.30(1) 0.030(1) 

Sample 6 Ti-xNb-7Zr-0.2O bal. 20 – 35 3 7 - 0.23(1) 0.029(3) 

Sample 7 Ti-xNb-3Zr-0.5O bal. 26 – 41 3 3 - 0.55(4) 0.039(3) 

Sample 8 Ti-xNb-0.5O bal. 26 – 41 3 - - 0.50(1) 0.035(2) 

Sample 9 
Ti-xNb-7Zr-2Fe-

0.5O 
bal. 11 – 26 3 7 2 0.49(2) 0.029(2) 

Sample 

10 

Ti-xNb-2Fe-

0.5O 
bal. 11 – 26 3 - 2 0.47(1) 0.029(1) 

 

As a by-product of the measurement of elastic moduli by RUS, the density of 

measured alloys was determined by weighting the RUS samples and measuring their 

dimensions. As shown in Figure 33, all materials exhibited a systematic increase in 

density with the increasing niobium content; the effect of oxygen (≲ 1 wt%) was 

below the accuracy of the used method for density determination ( ± 0.05 g.cm−3). 

Similarly, the measured densities did not differ from the general linear trend (the 

dashed line in Figure 33) by more than this estimated experimental error, which 

confirms full compaction of the prepared materials. 

 

Figure 33: Evolution of the mass density of the examined alloys with the niobium content. 

The dashed line outlines the general linear trend obtained by linear regression. 
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6.2.  High-throughput characterization of phase composition and 

elastic moduli 

6.2.1. Chemical homogeneity, microstructure, phase composition 

In all samples, a good chemical homogeneity within the individual layers was 

achieved as demonstrated in Figure 34. No undissolved powder particles can be seen. 

As expected, the material is coarse-grained with a grain size of several hundreds of 

μm, which is caused by the high sintering temperature, necessary for homogenization. 

The porosity as it is known from the usual FAST sample preparation from pre-alloyed 

powders using comparatively lower temperatures [183] was not observed and the 

material was well compacted as already suggested by density measurements. 

However, in a few areas, randomly and sparsely distributed in the sample, there are 

groups of spherical pores as shown in BSE and SE images in Figure 34 b,c. A possible 

reason for the presence of these pores is that they could be Kirkendall porosity [184] 

created during the homogenization stage of sintering. Probably, the diffusion of Nb 

particles into the matrix was faster than the diffusion of the elements that were already 

in the matrix (Ti, Zr, O) into the Nb particles, leaving small pores in the areas of former 

Nb particles. 

The chemical homogeneity of the individual layers was verified using EDS 

mapping and line scans. In summary, the local homogenization of material sintered 

from blended elemental powder was successful as well as maintaining the macroscopic 

layered structure with varying Nb content. Line scan near the surface is shown in 

Figure 35a, and other line scans over representative selected layer interfaces are shown 

in Figure 35b. Zr and Nb contents are simultaneously shown. It was confirmed that, in 

agreement with the intended design, the Zr content is perfectly homogeneous over the 

interfaces. Step-like increase in Nb content is not sharp, but gradual within an 

approximately ± 0.2 mm thin region surrounding the interface. When the samples for 

RUS were prepared, the ± 0.3 mm regions around the interfaces were removed, which 

means that the RUS measurements (which are, in principle, insensitive to small 

gradients of elastic constants [185]) were representative of homogeneous 

compositions. For high-throughput compression testing, the interface widths were 

neglected during the DIC analysis as the interface regions represents only about 10% 

of the total sample height. On the other hand, due to W diffusion into the sample 

surface, the outer layer boundaries were cropped out for DIC analysis to eliminate 

errors. 

XRD patterns for each layer of sintered samples no. 1 - 6 are shown in Figure 

36. Independently of the oxygen content, in all alloys containing 20 wt% Nb and less, 

martensite phases prevail. In the samples with the least amount of oxygen (Samples 5 

and 6 with 0.30 and 0.23 % O, respectively) the prevailing martensite is present up to 

the Nb content of 23%.  

The least β-stabilized alloy (11 wt% Nb) exhibits the hexagonal close-packed 

structure, implying that the martensite formed in these alloys is of the α′ type. Note 

that the α′ martensite cannot be easily distinguished from the stable α phase, as both 

phases have the same hexagonal structure. But, since the material has been produced 

by rapid quenching, the martensitic α′ formation can be expected. 
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Figure 34: a) BSE image of Sample 1 (0.5% O). Layer with 26 % Nb on the left/centre and 

layer with 29 % Nb on the right (slightly brighter). In the upper part of the image, 

microhardness indents are observed. b) Kirkendall porosity in BSE image and c) SE image. 

In alloys with 14 wt% Nb and 17 wt% Nb, the dominant phase was identified as 

orthorhombic α″ martensite. The diffraction 2θ patterns were nearly identical as for 

the α′ phase, but there were several indications that the hcp symmetry was broken, as 

illustrated for two alloys with 1.01 wt% O in Figure 37. Most importantly, a (131) peak 

at approximately 29.3° was found for 14 wt% Nb, which is a forbidden reflection for 

the structure. Also, the presence of the orthorhombic structure could be deduced from 

the asymmetrization and shift of the peak at approximately 27.7°. Another effect 

connected to the intermediate nature of the α″ phase can be seen in Figure 36 from two 

peaks (200) and (130) that are in Ti-20Nb-7Zr-1.01O located at about 23° and 26°, 

respectively. These peaks are approaching each other as the orthorhombic structure 

converges to the hcp structure (the α′ phase) with decreasing Nb content. Not only that 

these effects make distinguishing between the α′ and α″ structures based on the XRD 

data difficult and challenging; but they also indicate a strong dependence of the lattice 
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structure and the lattice parameters on the chemical composition, which might have 

unexpected effects on the elastic constants. 

  

Figure 35: a) EDS line scans near the surface of a sintered sample. The steps in Nb content 

can be recognized going from 20% through 23% to 26%. Contamination from W foil was 

measured at the surface down to a depth of about 0.5 mm. b) Representative EDS line scans 

across the boundaries of selected layers. Notice that the Zr-content lines appear to be 

approximately 2 wt% higher than the nominal content, which is a quantitative error of 

standard-less EDS analysis, resulting in this particular case from the overlapping of the Nb 

and Zr peaks. However, the perfect spatial homogeneity in the Zr content is seen. 

In alloys with 23 wt% of Nb and more, the β phase prevails for samples with O 

content higher than 0.5% while for lower O contents, the β phase starts to prevail at 

the content of 26% Nb and more. Small peaks corresponding to the α″ martensite in β 

matrix can be found in alloys Ti-23Nb-7Zr-0.49O and Ti-26Nb-7Zr-0.23O. 

Furthermore, in alloys with β phase composition that is close to the martensite start 

composition, the ω phase reflections are observed. The compositional range (in Nb 

content) of ω phase presence differs with the content of oxygen: e.g. the lowest 

amounts of oxygen (0.23O) cause the detectable presence of ω phase in three layers 

(26Nb, 29Nb, 32Nb) while with the highest amount of oxygen (1.01O), ω can be 

detected in one layer only (26Nb). This is in agreement with the previously discovered 

property of oxygen as an inhibitor of the ω phase. The nanometer size of the ω phase 

particles and incomplete collapse make their detection by XRD difficult. Quite often, 

reliable detection is possible only at very low temperatures [186], or for alloys with 

composition very close to the stability limit of the β phase, where the β → ω lattice 

collapse is more complete [148]. As can be noticed in Figure 36, the peaks 

corresponding to the ω phase only are much wider than those of the β phase. As a 

result, when the volume fraction of the ω phase is too low and/or the size of ω particles 

is too small, the corresponding peaks become very wide and weak and unrecognizable 

against the background noise. For this reason, the identification of the presence of the 

ω particles based solely on XRD diffraction patterns cannot be understood as 

comprehensive, and therefore it was further completed based on the results of TEM 

observations. 
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Figure 36: XRD measurements on each of the layers in the sintered samples. For each 

sample, the patterns are shown in groups with respect to the prevailing phase – β, α″ and α′. 

The theoretical fitted positions are shown as lines in bottom parts of each image and the line 

lengths reflect the relative intensities. Note that for different alloy compositions, the lattice 

parameters slightly vary, therefore the positions do not fit exactly every measured pattern; 

quantitative evaluation of the volume fraction of individual phases is not possible due to 

peak overlapping [30]. 

 

Figure 37: A 26° < 2θ < 34. 5° detail of XRD patterns for selected alloys from Sample 4, 

showing the deviations of the diffraction peaks for the Ti-14Nb-7Zr-1.01O alloy from the 

theoretical (hcp) pattern. 

Two FIB lamellae were prepared from two layers (compositions) of Sample 1 

(0.5O). The first one was from the composition Ti-26Nb-7Zr-0.49O for which XRD 

has undoubtedly detected the presence of the ω phase. The second one was from the 

layer of Ti-32Nb-7Zr-0.49O in which there is no evidence of ω phase in XRD patterns. 

However, the ω phase was found in both prepared lamellae. It was identified from the 

TEM diffraction pattern as extra spots (yellow circles in Figure 38 a,c) and also using 

dark-field (DF) imaging (Figure 38 b,d). Nevertheless, there are significant differences 

between the phase compositions in terms of ω phase reflections, namely Ti-32Nb-7Zr-

0.49O shows much weaker intensities of the ω reflections. By comparing the 

intensities of the ω phase with the reflections of the β phase, it was found that there is 

about 4 times lower volume fraction of the ω phase in Ti-32Nb-7Zr-0.49O compared 

with Ti-26Nb-7Zr-0.49O (in the first approximation, the dependence of volume 

fraction on the diffracted intensity is linear). The differences observed are confirmed 

also in the dark-field images. Because the used FIB lamellae had approximately the 

same thickness and the tilt of the sample during TEM observations was also 

comparable, the DF images in Figure 38 b,d enable a direct visual comparison of 

volume fractions and particle sizes in both alloys. 
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Figure 38: TEM diffraction patterns from two layers from Sample 1 with different Nb 

compositions, and corresponding dark-field micrographs of the ω phase: (a), (b) Ti-26Nb-

7Zr-0.49O, (c), (d) Ti-32Nb-7Zr-0.49O. Yellow circles mark the ω reflections and green 

circles in Ti-32Nb-7Zr-0.49O correspond to O′ nanodomains. Additional weak reflections in 

Ti-26Nb-7Zr-0.49O correspond to double diffraction of the ω phase due to its large volume 

fraction. 

In Ti-32Nb-7Zr-0.49O, the ω phase could not be detected by XRD 

measurements. This can be attributed to its lower volume fraction, but more 

importantly also to the significantly smaller size of the particles. Small ω phase 

particles may also not be fully collapsed [148], which restricts their detection by a 

common powder XRD. It is worth mentioning, that the diffraction pattern of Ti-32Nb-

7Zr-0.49O alloy (Figure 38c) shows also very weak diffraction spots (the green circle) 

that can be attributed to the O′ phase [28]. This phase is, in fact, a nano-domain of the 

martensitic α″ phase, appearing when solute atoms prevent the formation of massive 

α″ laths [153]. The presence of this phase may bring additional complexity to the 
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relationships between the chemical composition, phase composition, and macro-scale 

mechanical behaviour. 

The microstructure of all layers in each sample was observed by SEM. Selected 

SEM images are shown in Figure 39. In the alloys with Nb content of 20 wt% and 

lower, the lamellae of orthorhombic α″ / hcp α′ martensite can be observed. The alloy 

with the lowest Nb content of 11 wt% contained also a minor fraction of the α phase, 

preferentially along grain boundaries, clearly visible in SEM images as dark lenticular 

regions as shown in Figure 40. These α phase particles were most probably the results 

of an incomplete α → β transition during annealing at 1000°C and were not observed 

for any other alloy. The α and α′ phases could not be distinguished by XRD due to 

equivalent symmetry, and thus, the presence of the α phase in the Ti-11Nb-7Zr-1.01O 

alloy was concluded just based on the SEM observations. 

 

Figure 39: SEM images of selected layers from the prepared graded samples. Occasional 

black dots are the remnants of polishing suspension. 
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Figure 40: α phase lamellae and α phase on grain boundaries in alloy Ti-11Nb-7Zr-1.0O. 

The martensitic structure of the α′ phase is visible as a matrix. 

For the Nb content of 23 %, the β phase prevailed in alloys with an oxygen 

content of 0.68 % and 0.84 %, but in a few zones, very fine lamellae were visible under 

high magnification. However, the volume fraction is probably too low for the detection 

of the martensite phase by XRD. In the Ti-23Nb-7Zr-1.01O alloy and alloys with 

niobium content of 26 wt% and more, no particles of other phases were observed. 

Notice, however, that the nanoscale ω particles cannot be resolved by SEM. The SEM 

images for samples with the lowest content of oxygen are not shown, but their 

appearance followed the trend set by the XRD results, the martensitic lamellae were 

visible up to 23% of Nb and after that, the β phase prevailed. 

By combining the results of SEM observations and XRD, the phase composition 

map of the studied alloys was determined and is presented in Table 5. For alloys with 

20% of Nb and O content of 0.5% and more, and alloys with 23% Nb and O content 

of 0.3 and less, it is assumed that there is also some residual β phase between the 

martensitic lamellae, as the interval of coexistence of β and α″ phases reported in the 

literature is about 3 at%, i.e. more than 4 wt% [187]. The presence of the ω phase is 

deduced from the XRD data. The XRD patterns document that the amount of ω phase 

decreases with the increasing Nb content; e.g., the volume fraction of ω in the Ti-

29Nb-7Zr-0.49O alloy is smaller than in the Ti-26Nb-7Zr-0.49O. This is consistent 

with the assumption that the ω formation is suppressed by the stabilization of the 

β − matrix [128,173]. As revealed by the TEM observations for the Ti-32Nb-7Zr-

0.49O, small volume fractions of ω phase could be present also in alloys with higher 

content of Nb but remain undetected by XRD due to its detection limits. For alloys 

with 20-23 % of Nb, where the β and α″ are assumed to coexist, one can also assume 

that the residual β may be filled with ω particles, especially because the β phase here 

is the least stabilized in these alloys [128]. This will be discussed in detail based on 

the elasticity data in the following sections. 
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Table 5: Phase composition of the individual studied alloys at room temperature, as 

estimated by combining the SEM observations and XRD. The phases in the parentheses are 

those with minor volume fractions. The ω phase is listed in the table only for those 

compositions for which its presence is clearly indicated by XRD peaks. However, from the 

TEM diffraction patterns, as well as from the microhardness and elasticity results in the 

following sections, it is concluded that small amounts of ω particles appear in a broader 

compositional range, quite probably in all compositions classified here as β. 

 11Nb 14Nb 17Nb 20Nb 23Nb 26Nb 29Nb 32Nb 35Nb 

Sample 1 

(0.49O) 
- - - 

α″  
(+β) 

β 

(+α″+ω) 

β  

(+ω) a) β (+ω) β b) β 

Sample 2 

(0.68O) 
- - α″ 

α″  
(+β) 

β 

(+α″+ω) 

β  

(+ω) 
β β - 

Sample 3 

(0.84O) 
- α″ α″ 

α″  
(+β) 

β 

(+α″+ω) 
β β - - 

Sample 4 

(1.01O) 

α′ 
(+α) 

α″ α″ 
α″  

(+β) 
β (+ω) β - - - 

Sample 5 

(0.30O) 
- - - α″ 

α″  

(+β+ω) 
β  

(+ω) 
β (+ω) β β 

Sample 6 

(0.23O) 
- - - α″ 

α″  

(+β) 

β  

(+α″+

ω) 

β (+ω) β (+ω) β 

a) large volume fraction of ω particles confirmed by TEM, see Figure 38 a,b;  
b) small amounts of ω particles and a possible presence of the O phase revealed by 

TEM, see Figure 38 c,d. 

In summary, based on the XRD, TEM and SEM experiments, it can be concluded 

that the studied set of alloys contained a complex mixture of various phases, evolving 

with the contents of both Nb and O. Taking into consideration the assumed 

compositional dependence of the elastic constants of the individual phases as well, it 

is clear that one can expect also a quite non-trivial relation between the composition 

and the macro-scale elastic constants and other mechanical properties for the studied 

alloys. This further supports the use of a high-throughput approach for the 

measurement of elastic constants as well as mechanical properties. 

6.2.2. Microhardness mapping 

To achieve representative statistics of the microhardness of each alloy 

composition (layer), the indentation was done over a rectangular array of 7 × 45 

indents (300 μm between indents, 7 × 7 indents within each of the six layers, and extra 

indents near the sample edges). Each seven microhardness values along the direction 

parallel to the layers were averaged, resulting in the profiles across the layers as shown 

in Figure 41 for Samples 1-4 (the horizontal axes for individual samples are shifted 

such that the regions with the same Nb content coincide). The obtained values of the 

microhardness are consistent with those reported earlier in this thesis on bulk 

homogeneous Ti-Nb-Zr-O materials in Figure 28 (Section 5.4), which indicates that 

the oxygen from the initial TiO2 powder became fully dissolved in the FAST pellet 

and resulted in interstitial strengthening. This was an expected result due to the much 

higher diffusivity of oxygen compared to Zr, Ti, and Nb, the particles of which were 

also fully dissolved into the target alloys, as illustrated above by the EDS 

measurements. 
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Figure 41: Microhardness profiles in the graded samples. The error bars show experimental 

scatters along the y − direction; in the x − direction the spatial resolution is seven points per 

layer. 

In general, microhardness increases with increasing oxygen content for any Nb 

content. A distinct difference in the microhardness is seen between the alloys (layers) 

with α″ (or α′) particles (Nb content 20 wt% and below) and alloys with dominant 

β − phase. The difference increases with the increasing oxygen content. This result 

suggests that the increasing content of interstitial oxygen atoms in the studied range of 

concentrations causes a more pronounced interstitial strengthening in α′ / α″ than in 

the bcc β. It can be speculated that the significant interstitial strengthening of the β 

phase occurs already in range of lower oxygen concentrations due to the anisotropy of 

lattice distortion of the bcc material [127,128,188]. Increased interstitial strengthening 

of α′ / α″ phases by oxygen corresponds well to the fact reported in the literature [76], 

that while interstitial oxygen at above 0.2 wt% reduces the ductility of the α + β alloys, 

it does not significantly affect the ductility of meta-stable β alloys [173]. Decreased 

ductility (embrittlement) is often related to a significant increase in hardness. 

Microhardness profiles exhibit a gradual decrease with increasing Nb content at 

above 23 wt%, which is most probably due to the decreasing volume fraction of the ω 

phase, the content of which diminishes with increasing stabilization of the β phase. In 

the alloys (layers) with the lowest oxygen content, the microhardness of α″ is similar 

to the microhardness of the β + ω mixture, and therefore the otherwise significant step 

in the microhardness profile is not pronounced for this content of oxygen. 

6.2.3. Scanning acoustic microscopy 

To confirm that there is a contrast in elastic constants associated with the 

gradient of the Nb content in the graded samples, thin plates cut from the FAST pellets 

across the layers were mapped utilizing scanning acoustic microscopy (SAM, see 

Figure 16 for the orientation of the sample with respect to the graded pellet). Maps of 

the times-of-flight of focused longitudinal ultrasonic waves (TOFs) related to the 
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elastic stiffness of the material are shown in Figure 42. It is seen that indeed, the 

samples were acoustically heterogeneous, i.e., the speed of propagation of longitudinal 

waves through the sample varied quite significantly with the composition. 

Nevertheless, the interpretation of the SAM results is much less straightforward than 

that of the microhardness measurements. In general, the TOFs increase towards the 

regions with higher Nb content, as expected because the β phase is elastically softer, 

i.e., the waves are slower in the regions without the α′ / α″ martensite phases. In most 

of the samples, there is a sharp jump separating the soft β − phase region to the right 

from the stiffer region to the left. However, the location of the jump in the TOFs does 

not agree with the locations of the sharp decrease in the microhardness profiles for 

most of the samples. Moreover, while the microhardness profile shows nearly no jump 

in Sample 1 with 0.49 wt% oxygen, the jump in the TOFs in this specimen is the most 

pronounced, and vice-versa, while the steepest jump in microhardness is observed for 

Sample 4 with 1.01 wt% of oxygen, the TOFs for this sample are those least 

heterogeneous. 

 

Figure 42: Scanning acoustic microscopy (SAM) maps of times-of-flight of longitudinal 

acoustic waves through the samples. One corner of each sample was cut out to avoid losing 

the reference coordinate system. For a visual comparison, the size and shape of the cuboidal 

samples for RUS are outlined in the map for Sample 4. 

In general, SAM mapping is related to the elasticity of the material (resistance 

to small reversible elastic deformation) while microhardness is related to the strength 
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of the material (resistance to large irreversible plastic deformation). In particular, the 

difference is caused by the different effects of ω phase nano-particles on the elasticity 

and hardness of materials. While the ω phase particles formed after quenching have a 

limited impact on the microhardness, they significantly increase the elastic constants 

of the β matrix [80,107]. The region where the elastically soft behaviour of the β phase 

prevails is therefore shifted to higher Nb contents. The fundamental effect of the ω 

phase on the elastic constants will be proved in the next section based on the RUS 

measurements. Here, it is just pointed out that the ω phase also affects quite strongly 

the SAM maps. For Sample 1, for example, in the layer with the Nb content of 26 wt%, 

where the complete absence of α″ particles was confirmed both by SEM and from the 

XRD measurements, the increased speed of ultrasonic waves must be attributed to ω 

phase. For this sample, a sharp contrast is seen between the 26 wt% and 29 wt% layers. 

According to the XRD patterns in Figure 36, these two layers have the same phase 

composition (β + ω), see Table 5), but the ω peaks for the 29 wt% layer are hard to 

distinguish from the background; ω phase particles were also observed in the layer 

with 32 wt% of Nb by TEM, but with significantly smaller size and lower volume 

fraction. This indicates that the ω phase volume fraction and/or ω particles size (or 

possibly the completeness of the ω collapse) is decisive for the measured TOFs, and 

the layers with 29 wt% Nb and more do not contain a sufficient amount of ω to 

significantly affect the speed of propagation of longitudinal waves. 

Another important piece of information for the high-throughput characterization 

achieved from the SAM mapping in the context of elasticity is the heterogeneity of the 

elastic constants inside each layer. As seen from the maps, the variations of TOFs 

inside the layers are so strong that the boundaries between the layers are often hard to 

distinguish. The TOF contrast inside the layers originates from differently oriented 

anisotropic grains. This is clearly demonstrated in Figure 43 showing an EBSD IPF 

map next to the previously shown SAM map of Sample 1 (0.49 wt% O). By binarizing 

the SAM maps and analyzing them using the Image Processing Toolbox in Matlab, 

the average equivalent diameter (number average) of the homogeneous regions was 

determined as 412 μm, which is slightly lower than the mean grain size (number 

average) of 480 μm determined from the EBSD map. Direct one-to-one 

correspondence between the regions of constant TOF and the individual grains is 

observed only for the larger grains. As the sample was 0.8 mm thick, in some locations 

the waves travelled through two or more grains across the thickness, and thus, such 

inconsistency in the grain size might arise. On the other hand, several neighbouring 

grains, albeit differently oriented, might have appeared for SAM as an elastically 

homogeneous material, provided that their orientations differed from each other 

mainly by in-plane rotations preserving the out-of-plane crystallographic orientation. 
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Figure 43: Comparison of (a) scanning acoustic microscopy map with (b) inverse pole figure 

map acquired by EBSD for Sample 1. In the EBSD measurement, only the β phase was 

indexed, while the α″ lamellae were too fine compared to the used step size of the EBSD 

map. For this reason, regions containing the α″ phase in areas with 20 % and 23 % Nb are 

shown in black. The 2 mm grid is a guide-for-the-eye only, enabling easier comparison of the 

location of individual grains. Some of the larger grains that exhibit a good one-to-one 

correspondence between the maps are highlighted. 

6.2.4. Resonant ultrasound spectroscopy 

In Figure 44, the values of G and E determined by minimization of the objective 

function (Equation 2) are plotted with respect to the niobium content. It is clearly seen 

that all materials exhibit a quite similar general trend, regardless of the oxygen content. 

The highest values of both G and E are achieved for the Nb content being between 

20 wt% and 26 wt%. This peak is surrounded by two local minima, the deeper being 

in the β − phase region (minimal values reached for 29–32 wt% Nb).  

For the lowest oxygen content (Sample 1), the whole curve is slightly shifted 

towards higher Nb content, while for the highest oxygen content (Sample 4) an 

opposite effect is observed, altering significantly neither the shapes of the curves nor 

the values of the elastic moduli themselves. This is fully consistent with the 

observation documented in the previous sections that the oxygen has clear effect on 

the stability of the β phase, additional to the effect of Nb and it can therefore be 

concluded that Nb and O have qualitatively similar impacts on the elastic constants. 
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Figure 44: Room-temperature elastic moduli E and G plotted as the function of the niobium 

content. 

It is also worth noting that the Nb-content dependencies for all materials are 

nearly identical for G and E, except for the absolute values (E is always approximately 

2.7 times higher than G). The Young’s modulus E and the shear elastic modulus are 

related through the bulk modulus K as 

 𝐸 =
9𝐾𝐺

3𝐾+𝐺
 (Equation 4) 

Unlike the shear modulus, the bulk modulus is only negligibly affected by the 

diffusionless martensitic transitions and the related phonon softening [165]. Hence, all 

variations in E with the chemical composition are dominantly due to variations in G. 

Moreover, one can assume that 3K ≫ G, and, consequently, E ≈ 3G. 

6.2.5. Discussion: relations between chemical composition, 

secondary phases content and elastic moduli 

The elastic moduli G and E exhibit a systematic dependence on the content of β-

stabilizing elements. The following discussion will further focus on the shear modulus 

G because this modulus is more accurately determined from the RUS measurements 

and has also a more clear physical relation to the lattice instability and diffusionless 

martensitic transitions. Also as mentioned above, when the bulk modulus K is not 

changing, the relation E ≈ 3G can be used. 

The effect of both Nb and O on the lattice stability with respect to the martensitic 

transformation is qualitatively similar. For this reason, it can be assumed that the shear 

modulus G depends on an effective content of these elements, 

 𝑐 = 𝑐𝑁𝑏 + 𝑘𝑐𝑂, (Equation 5) 

where 𝑐𝑁𝑏 and 𝑐𝑂 are the contents of niobium and oxygen, respectively, and k is 

some scalar parameter. The explicit form of the function of shear modulus on the 

effective content of these elements G = G(c) is not known, but one can heuristically 

tune the parameter k to achieve the best visual agreement between the experimental 

data for cO = 0.49 and cO = 1.01 (the lowest and the highest oxygen content). This 

corresponds to k ≈ 5.6 when all G(c) data can be matched with accuracy better than 

± 1.5 GPa by a single curve, as shown in Figure 45a. The observed behaviour 

resembles the theoretical dependence of E on the electron/atom ratio for binary Ti-TM 

alloys (where TM stands for the transition metal), as shown in the first chapter in 
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Figure 4 and discussed e.g. in [82] (see also the data collected in [189] for an 

experimental validation). The optimal value of k ≈ 5.6 allows us to discuss how 

interstitial oxygen contributes to the total ratio e∕a, i.e., to the ratio of electrons per 

atom that is assumed decisive for the stability of the β phase (cf. [190]). Since the ratio 

between molar weights of niobium and oxygen is MNb / MO=5.81, it turns out that the 

contributions of individual atoms of niobium and interstitial oxygen to the electron gas 

are equivalent or at least very similar. This would mean that the effective e/a 

contribution of oxygen is 5 (same as Nb), at least in the studied oxygen concentrations. 

Approximately the same visual agreement as seen in Figure 45a is obtained when G is 

plotted with respect to the sum of atomic % of niobium and oxygen. 

 

Figure 45: (a) a general behaviour of the shear modulus G as a function of chemical 

composition; the thick red line is an optimum fit of the data by a five-point Bezier curve, the 

dashed lines delimit the ± 1.5 GPa interval; (b,c) temperature dependences of the shear 

modulus G and the internal friction parameter Q−1, respectively, for three selected alloys. 

Outside of the plotted interval, one can expect a simple dependence of G on c: 

for c < 15 %, the quenched material contains α′ martensitic phase which is further 

elastically stabilized (i.e., G increases) with decreasing c; for c > 40 %, the stability of 

the β phase increases with c, and thus, G increases. This behaviour is typical for two 

phases connected by a martensitic transition, both of them elastically softening with 

composition approaching the critical composition for the martensitic transformation at 

a given temperature. Inside of the plotted interval, 15 % < c < 40 %, a more complex 

behaviour is observed. For c ≈ 28 %, a peak in G(c) appears, that cannot be explained 

by the properties of the α′, α″ and β phases. According to the XRD analysis (Figure 

36), this maximum of the peak is related to the appearance of the ω phase, which 

probably formed during cooling from above the β-transus temperature. Decreasing G 

with decreasing c (c < 28 %) is ascribed to the decreased volume fraction of ω phase 

and formation of the martensitic α″ phase [82]. 

Interestingly, for the concentrations between c ≈ 22 % and c ≈ 27 %, which 

mostly cover alloys with 20 wt% of niobium, the shear modulus G is higher than that 

of the pure α″ phase (around c ≈ 21 %) and much higher than that of the β phase. These 

are the materials in which the XRD analysis has not confirmed the existence of the β 

phase, but it is assumed that there can be some residual amount of this phase. The only 

possible explanation for the high shear modulus is that there are the ω phase particles 

that make the residual β phase elastically very stiff. In this region, the β phase, if 

present, is even less stabilized than at the peak of G(c) at c ≈ 28 % (note that the 

materials were prepared by β quenching, therefore without any solute redistribution 

during α″ formation). Hence, the same heat treatment as for c ≈ 28 % must have 

resulted in a higher volume fraction of the ω phase, and thus, in a more pronounced 
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increase of the shear modulus. The high volume of the ω particles probably also 

disturbs the diffraction pattern from the β phase, making it harder to detect by the 

XRD. 

Complementary information on the phase composition in the individual alloys 

can be obtained by measuring the temperature dependences of the shear moduli and of 

the internal friction parameters Q−1 (see [107] for particular effects of isothermal and 

athermal ω particles on G and Q−1). This was done for three representative 

compositions, marked in Figure 45a. In the first alloy (Ti-14Nb-7Zr-1.01 O) the 

dominant phase is α″ martensitic phase, the second alloy (Ti-20Nb-7Zr-1.01O) falls 

into the region with increased shear modulus but there is no direct evidence of the β 

phase or the ω particles from the XRD analysis. The third alloy (Ti-32Nb-7Zr-0.49O) 

contains mainly the β phase with strong shear instability. 

The temperature evolutions of G and Q−1 in these three alloys in the range 

[ − 50°C; + 50°C] are shown in Figure 45b,c. An expected behaviour of G(T) is 

observed for the single (or nearly single) phases: the martensitic α″ phase stiffens with 

decreasing temperature, while the metastable β phase softens with decreasing 

temperature. The internal friction coefficient steeply increases upon cooling for the 

meta-stable β phase, which indicates that the cooling triggers the local partial collapse 

of the β matrix into the athermal ω phase. It is worth noting that this behaviour of G 

and Q−1 in ultrasonic measurements, i.e., increased internal friction without increasing 

the shear modulus is typical for the athermal ω phase, while the fully formed ω phase 

(such as in the isothermal ω particles) is characterized by a strong increase in G with 

nearly no effect on Q−1 [107]. Indeed, the XRD peaks for the 23 wt% and 26 wt% 

indicate the presence of fully formed ω particles, and the alloys from this 

compositional range show stiff shear modulus but small internal friction. This 

observation supports the conclusions derived in section 5.7, that the oxygen causes the 

ω phase to behave as the isothermal type (by diffusing into it at room temperature) 

which is causing embrittlement of the O-rich alloy. 

For the α″ phase (the Ti-14Nb-7Zr-1.01O alloy), only a mild increase of Q−1 

with cooling is observed in Figure 45c, which may originate from the metastability of 

this phase and its further destabilization upon cooling. In the (Ti-20Nb-7Zr-1.01O) 

alloy, a combination of these two behaviours is observed. Upon heating, the internal 

friction steeply increases, which might be due to instability and reversible shrinking of 

the α″ regions, or because some of the α″ volume fraction undergoes a transition into 

β and the newly formed β lattice collapses and is spontaneously filled with athermal ω 

phase particles. The effect can be also explained by the formation of nanodomains of 

α″ phase described in previous reports [29], the confirmation of which would require 

extensive high-resolution microscopy examination. However, the shear modulus 

behaves monotonously in the whole temperature range, and at the highest temperature 

it stays still much stiffer than in the β phase or in alloys with higher content of α″ or 

more stabilized α′. This means that this material contains some phase that is stable in 

the whole temperature range and is elastically stiff and unaffected by the β ↔ α″ 

transition itself or by the vicinity of the transition temperature. From all possible 

phases in the given system, only the ω phase meets all these requirements. Hence, this 

confirms that the ω phase is most probably responsible for the whole G(c) peak, in the 

22 % < c < 27 % composition region. We can conclude that the precipitation of this 

phase prevents both the β phase and the α″ /α′ phases to become particularly soft for 

compositions close to c ≈ 28 %, although for this composition these stable and meta-

stable phases should experience the strongest phonon softening. Instead, the lowest 

values of the elastic moduli are obtained at some distance from the critical composition 
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(c ≈ 21 % for α″ and c ≈ 35 % for β), where the phonon softening is already significant, 

but the volume fraction of the ω phase particles is small. The peaks in G(c) for samples 

with different contents of oxygen overlap quite well for correctly chosen c, as seen in 

Figure 45a. 

6.3.  High throughput compression testing 
The compression testing accompanied by measurements of AE and DIC was 

conducted on samples 1 – 10 listed in Table 4. The testing method was thoroughly 

described in Section 3.1.6. 

The compression of samples 1 – 4 was done in two rounds. During the first 

round, it was found that some of the layers cause premature cracking in brittle layers. 

The compression curves are shown in Figure 46a. The brittle layers coincided with 

those containing α″ phase after solution treatment, therefore, for the next round, 

smaller samples without these layers were prepared. The sample 4, containing α″ 

martensite in 4 out of 6 layers, was excluded from the further measurement completely. 

The results of DIC for this sample are shown in Figure 46b as a map of εyy strain in 

the Lagrangian reference frame for the last image taken before rupture. The top layers 

are those with the highest content of Nb, i.e. those with the β (β+ω) present after 

quenching. The bottom layers did not deform plastically at all (displayed in red 

colour). The crack (dark blue region) has appeared on the boundary between the β 

(β+ω) phase region and α″ phase region. 

   

Figure 46: (a) Compression curves of samples 1-4 (1. round – whole samples), (b) εyy strain 

map of sample 4 just before rupture. 

6.3.1. Compression testing and AE measurement 

The macroscopic compression curves of the layered samples are shown in Figure 

47 and Figure 48 together with the AE results. Engineering strain is used for the x-axis 

as it scales linearly with time, so both results of compression and AE can be shown at 

once. On the left y-axis, true stress is shown, which is calculated from the measured 

stress-strain curves. As this does not account for different deformation behaviour of 

each layer, it is marked as an effective true stress. Due to large differences in the AE 

response of individual samples, the amplitude of AE events (blue dots) is drawn in the 

log10 scale. In contrast, the integrated AE counts are drawn in the linear scale where 

the differences between the samples with the highest AE activity can be seen. 

 



  

76 

 

 

 

 

Figure 47: Compression testing of samples 6, 5, 1, 2 and 3 (sorted by increasing O content). 

Effective true stress-engineering strain compression curves (black lines) plotted together 

with AE data: AE amplitude (blue dots, log scale) and integrated AE counts (red curve, 

linear scale). 
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Figure 48: Compression testing of samples 7, 8, 9 and 10. Effective true stress-engineering 

strain compression curves (black lines) plotted together with AE data: AE amplitude (blue 

dots, log scale) and integrated AE counts (red curve, linear scale). 

It can be directly observed for all samples with 7 wt% Zr (the five samples shown 

in Figure 47) that the macroscopic effective yield stress monotonically increases with 

increasing O content. This is an expected behaviour typical in various Ti alloys as well 

as commercially pure Ti grades [191–193]. While for the samples with the lowest O 

contents of 0.23 and 0.3 wt%, the yield stress is just above 600 MPa, for the sample 

with the highest O content of 0.85 wt%, the yield stress of nearly 1200 MPa was 

observed together with a sharp yield point phenomenon. From the macroscopic flow 

curves, the trend in total strain at fracture is also clear – increasing O content has led 

to a dramatic increase in the sample ductility, from fracture strain of 25 % for the Ti-

(20-35)Nb-7Zr-0.3O sample to nearly 50% for the Ti-(23-29)Nb-7Zr-0.9O sample. 

The results of the AE measurements during the deformation can also be directly 

compared between the whole samples, although it is clear that AE will differ for each 

layer. The shown quantities (AE event amplitudes, integrated AE counts) span several 

orders of magnitude (i.e. are much larger than the potential effects of sample size). In 

general, AE responds strongly when there is stress-induced twinning or martensitic 

transformation during deformation. From both analyzed quantities, it is clear that for 

samples with 7 wt% Zr (Figure 47), acoustic emission is very strong for samples with 

0.2 and 0.3 wt% O, while the activity is getting lower for higher O contents until there 

is nearly no AE activity around the yield point for the 0.85O sample. This is quite a 

surprising result as one would also expect at least some AE activity during the sharp 

yield phenomenon that is connected with avalanche unpinning of dislocations from the 

O atoms. As expected, AE activity always starts to get stronger when the sample 

rupture is approaching.  

The sample with 0.5% of oxygen (Ti-(23-32)Nb-7Zr-0.5O – sample 1) was the 

only one in which both the macroscopic yield point reached a value above 800 MPa 

and there was some measurable AE activity as well. Also, this sample was containing 

the lamellae of α″ martensite observed via SEM (shown further). For these reasons, an 
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O content of 0.5% was kept constant for the next set of studied layered samples and 

other alloying elements were varied, namely Zr content (3% and 0% in samples 7 and 

8, respectively) and the addition of 2% Fe (together with 7% and 0% of Zr in sample 

9 and 10, respectively). The concentration ranges of Nb were set so that the resulting 

alloys were in β / β+ω condition after quenching (prior testing). As shown in Figure 

48, samples 7 and 8 show a similar (macroscopic) yield stress as sample 1 with similar 

O content. However, the achieved compressive strain is lower due to lower strain 

hardening, especially in sample 7, Ti-(26-41)Nb-3Zr-0.5O. At the same time, both 

samples 7 and 8 show an even stronger AE signal compared with the corresponding 

sample 1, both in the amplitudes of the individual events and in the integrated AE 

counts. 

In contrast, samples 9 and 10, i.e. the ones with 2% Fe show yield stress over 

1000 MPa and only limited ductility. The AE signal captured is not present around the 

yield point but rather in later stages of deformation and can be thus attributed to the 

formation of cracks. In sample 9, some of the AE signal bursts can even be associated 

with bumps on the compression curve. 

Since the deformation in the individual layers is certainly not uniform, the DIC 

was used to separate the individual pseudo-compression curves from the 

measurements as described in Section 3.1.6. 

6.3.2. Analysis of DIC data and compression curves  

The pseudo-compression curves from the following samples were extracted 

from samples with varying content of O (numbers 6, 5, 1, 2 and 3 in the order of 

increasing O content). 

It is not a surprise that the yield stresses are roughly similar for alloys in every 

single sample which is almost definitely due to the significant effect of oxygen. 

However, the used approach provides insight into the ductility of each composition as 

well as the ultimate compressive stress (UCS). It is important to note that in the case 

of samples with an oxygen content of 0.5% and higher, the alloys containing 

predominantly α″ phase were very brittle and could not be used during high-throughput 

compression testing. On the other hand, for lower O content, even these layers/alloys 

which contained predominantly α″ phase, have undergone significant plastic 

deformation, although they were also the layers in which the cracks / shear bands have 

originated. When comparing the samples between each other, the total achieved 

ductility of the most ductile alloy from each sample is increasing with the increasing 

O content (with one exception of sample 5 with 0.30 O in which the ductility was 

inferior to sample 6 with 0.23O). Note that an increase in ductility with increasing O 

content was observed also from tensile testing of Ti-32Nb-7Zr-0.5/0.6/0.8O alloys 

shown in Figure 29d. 

Compression curves of samples 6, 1 and 3, containing 0.23, 0.49 and 0.85 % of 

oxygen, respectively, are shown in detail together with selected sample images in 

Figure 50, Figure 51 and Figure 52. 

Figure 50 shows the sample with the lowest O content of 0.23% in detail and the 

selected images of the sample correspond to instants marked on the stress-strain 

curves. The highest strain (between 0.30 and 0.35) was achieved in layers with 26 and 

29% of Nb, i.e. those that were already in the β phase condition after quenching but 

still very close to the β phase stability. In layers with α″ phase-containing alloys, the 

achieved strains were significantly lower. The lowest strains together with the highest 

achieved stresses were captured for alloys with the highest Nb content. This does not 

have to mean that these alloys are the most brittle, rather the used approach hits its 

limit. By the end of the compression test, a pronounced shear band has been formed 
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that originated from the bottom part of the sample (the lowest Nb content) as can be 

observed in Figure 50d. Due to this fact, the two top layers (32Nb and 35Nb) did not 

deform further and testing using layers without the α″ phase would probably be more 

justifiable as in the case of samples 1-4. The samples with 32 and 35% Nb have 

undergone a significant increase in strain hardening slope after strain of 5%.  

 

 

Figure 49: Individual true stress – true strain compression curves extracted from the DIC 

measurements. 
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Figure 50: (a) Individual compression curves from Sample 6 (0.23O) with several 

highlighted test times and selected sample images from (b) the initial part of the test, (c) 

image at time 150 s before rupture (F-150), (d) image at time 50 s before rupture (F-50) and 

(e) final image of the ruptured sample (F stands for final) with the shear band and cracking 

visible in the bottom part. 

The 4 alloys deformed in sample 1 (0.49O) show again behaviour which is 

dependent on the Nb content, i.e. the distance from the martensitic composition as 

shown in Figure 51. The least stabilized alloy (23Nb) shows the lowest achieved strain 

and highest strain hardening as well as UCS. Other alloys show similar performance, 

although the layer with 26Nb is less ductile than the other two layers. Same as in the 

previous example, the cracking/shear band appears in the bottom sample (lowest Nb 

content) also in this case. The brittleness is most probably caused by the presence of a 

large amount of ω phase as was shown by XRD measurements in Figure 36. 
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Figure 51: (a) Individual compression curves from Sample 1 (0.49O) with several 

highlighted test times and selected sample images from (b) the initial part of the test, (c) 

image at time 200 s before rupture (F-200), (d) image at time 100 s before rupture (F-100) 

and (e) final image of the ruptured sample (F). 

The data from sample no. 3 (0.85% O) are shown in Figure 52. This was the 

sample in which the biggest true strain of about 0.75 was achieved. As the strain was 

very high, the DIC analysis failed in the later stages of deformation. This can be 

observed mainly in the curve corresponding to Ti-29Nb-7Zr-0.85O, where serrations 

appear near the end. Indeed, when comparing the selected images from different stages 

of deformation, the speckle pattern from the initial image in Figure 52b is gradually 

more deformed and less clear in images in Figure 52 c,d until the speckles are very 

hard to distinguish in Figure 52e. Other problems relate to surface areas that were 

moving in the out-of-plane direction (towards or away from the camera). First, this 

causes defocusing of the image. This is not a too big problem due to the used high 

strain algorithms in the ncorr package that kept updating the reference image against 

which the correlations were done. The somewhat bigger issue was the fact that when 

some parts of the observed surface were rotated, they started reflecting the light used 

for the illumination of the sample. As a result, these parts could not be correlated 

anymore (until the test ended) and the corresponding points in DIC post-processing 

had to be skipped during the calculation of mean vertical displacements 𝑢𝑦̅̅ ̅. The last 

issue with out-of-place movement is that this causes actual distortions of results: object 
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which moves closer to camera appears larger and the DIC algorithm ascribes this 

object a positive strain in both x and y direction. This issue cannot be resolved using a 

single camera arrangement and at least two cameras have to be used together with 

much more complicated Stereo DIC algorithms [194] (not available in the ncorr 

package). 

 

   

Figure 52: : (a) Individual compression curves from Sample 3 (0.85O) with several 

highlighted test times and selected sample images from (b) the initial part of the test, (c) 

image at time 300 s before rupture (F-300), (d) image at time 150 s before rupture (F-150) 

and (e) final image of the ruptured sample (F). 

Despite all the problems described, it is still valid that this sample with 0.85% 

of oxygen is the one that achieved the highest compressive strain. However, such 

properties are not achievable in tension due to embrittlement by the presence of the ω 

phase as was shown in Chapter 5 and the best tensile ductility can be achieved in alloys 

that do not contain any ω phase. 

6.3.3. XRD measurements after compression 

Since the motivation for preparation and studying of the layered alloys was the 

potential of combining the TRIP effect (caused by stress-induced α″ martensite) with 

the strengthening by oxygen, XRD was performed to find out, if the α″ was really 

induced in the materials. 

The measurements from the individual layers of samples 6, 5, 1, 2 and 3 are 

shown in Figure 53. Since the α″ phase was present in 2 layers of both samples 6 and 

5, it was found there also after compression testing. Other alloys did not show any α″ 

phase prior deformation or its reflections were very weak meaning the volume fraction 

was very low. Their phase composition was therefore either pure β phase or β+ω. 
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Identification of possible α″ formation in these layers is therefore of interest as this 

clearly demonstrates formation of SIM. 
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Figure 53: XRD patterns of layered samples after compression. (a) Sample 6 (0.23O), (b) 

Sample 5 (0.30O), (c) Sample 1 (0.49O), (d) Sample 2 (0.68O), (e) Sample 3 (0.85O). 

In all deformed samples, most of the layers exhibit the presence of reflections 

corresponding to the orthorhombic α″ phase structure. The peak intensity decreases 

with increasing Nb content and the peak positions (lattice parameters) change as well, 

therefore the tick marks in the bottom part of the graphs are meant for guiding the eye 

only. In both samples 6 and 5 (0.23O and 0.30O), the α″ reflections can be confidently 

recognized up to 32Nb layers. In the last layer (35Nb) the β phase peaks only can be 

recognized and other phases, if present, have reflections so weak that they are hidden 

in the background. Also note that the XRD patterns of samples after deformation are 

much more distorted, compared to those captured in annealed samples, so the weak 

reflections can get lost in the background even easier. For other samples, 1, 2 and 3, 

the α″ reflections can be observed in all the deformed layers (neither of them contains 

a layer with 35% Nb). However, in layers with the highest Nb content, only the 

strongest and the most isolated reflections can be differentiated, despite using the log 

scale, which signifies a very low volume fraction of α″ phase in the β matrix. 

The ω phase was present in annealed and quenched samples in quite a big 

fraction, which corresponded to relatively narrow and high XRD peaks in layers that 

were close to the β phase stability limit but already in the β condition (ω forms in the 

β phase, not in α″). In contrast, the ω phase reflections found in the deformed samples 

are very weak and effectively the only reflection that could be reliably ascribed to the 

ω phase was (0001) reflection located 2θ between 14° and 15°. Also, its intensity was 

much lower compared to the quenched condition. The reason for this could be that 

either the distortion by the deformation was so high that the ω phase reflections are 
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wide and hidden in the background or (more probably), the formation of SIM α″ has 

relieved the stresses that are partly the driving force for ω phase formation [31]. 

Upon analysis of lattice parameters acquired by Rietveld refinement of the 

measured XRD patterns, clear trends can be observed. Samples 6, 1 and 3 were 

selected to show these trends in Figure 54. Lattice parameters were rescaled according 

to crystallographic relationships between α″ and β phases as shown in Figure 2. For 

sample 6, the α″ martensite changes its lattice parameters closer to β phase with 

increasing Nb content until they coincide at 35Nb where the β phase only could be 

detected. When taking also the decreasing α″ reflections intensity with increasing Nb 

content into account, the values near the coincidence can bear a very large error. If the 

XRD patterns were plotted on a linear scale instead of a log scale, these reflections 

would be almost undetectable. The same trends are observed also for sample 1 in 

Figure 54b, although the lattice parameters are more scattered, most probably due to 

errors caused by peak widening due to larger deformation. This is even more 

pronounced for sample 3 (Figure 54c), although the linear fits follow the expected 

directions. Even when the rescaled lattice parameters of the orthorhombic phase 

precisely fit the lattice parameter of the β phase, it does not have to mean that the 

material is composed of the β phase only. Specifically, the nanoscale O′ phase is 

characterized by {110} < 11̅0 > shuffle of every other {110} plane. This breaks the 

cubic symmetry although the lattice parameters remain unchanged [51]. The parameter 

governing this shuffle, denoted as δ in Figure 2 could be measured if the intensities of 

the reflections could be accurately determined, which is however not the case for the 

current measurements on coarse-grained samples where only the lattice constants can 

be reliably determined. 

  

 

Figure 54: Lattice parameters of deformed layered alloys in a) sample 6, b) sample 1 and c) 

sample 3. 
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6.3.4. SEM observations and EBSD measurements after 

compression 

XRD measurements provided insight into the alloy’s phase composition, 

however, the morphology of the SIM α″ in deformed samples was established by SEM 

observations. 

Microstructure images from sample 6 (0.23O) and sample 5 are shown in Figure 

55 and Figure 56, respectively. In both alloys, the two layers with the lowest content 

of Nb show typical quenched-in α″ martensitic microstructure, the same as was in the 

case of such layers before deformation (cf. Figure 39 and Figure 25). During 

deformation, they could have undergone the so-called detwinning, which is a common 

deformation mechanism for shape memory alloys, however, such change in 

morphology would be hardly observed in SEM using a BSE signal. The two alloys in 

the middle layers in both samples (26Nb and 29Nb) show lamellae of the stress-

induced martensite. These lamellae are much clearer (and larger) in sample 6 with 

lower O content. In the two Nb-richest alloys in each sample, martensite lamellae are 

not detected with the exception of Ti-32Nb-7Zr-0.23O alloy. This is consistent with 

the XRD results where the α″ reflections in these alloys were weak or not present at 

all. 

Figure 57 shows the microstructure of alloys in sample 1. In the first two layers, 

the α″ lamellae can be clearly observed. In alloy Ti-23Nb-7Zr-0.49O, it is clear that 

there are multiple levels of the martensite/twinning – the smaller ones were formed in 

others that were formed previously. In the Nb-richer layers, stress-induced martensite 

is not observable, again consistently with XRD measurements where there were only 

very weak α″ reflections. Similar observations can be made also for sample 2 whose 

microstructures are shown in Figure 58 with the martensite lamellae even less clear. 

In the most deformed sample 3 (Figure 59) the previously observed stress-

induced martensitic morphology is not visible in any of the studied alloys. The present 

features look rather like the deformation slip bands. 
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Figure 55: Microstructure of alloys from sample 6 after compression testing. 
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Figure 56: Microstructure of alloys from sample 5 after compression testing. 
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Figure 57: Microstructure of alloys from sample 1 after compression testing. 

  
 

  

Figure 58: Microstructure of alloys from sample 2 after compression testing. 
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Figure 59: Microstructure of alloys from sample 3 after compression testing. 

To acquire more information regarding the microstructure, the EBSD method 

was used to map selected representatives (with 26% of Nb) of the studied deformed 

layers: Ti-26Nb-7Zr-0.23O, Ti-26Nb-7Zr-0.49O and Ti-26Nb-7Zr-0.85O. The 

deformation present in the materials resulted in poor quality of the Kikuchi patterns 

and to improve this, the NPAR/NLPAR procedure was undertaken point-by-point by 

taking a mean of the corresponding Kikuchi patterns with the neighbouring points, 

resulting in reasonable quality of the pattern. Since the Kikuchi patterns depend on 

lattice parameters ratios (which are constant for BCC phase, as there is only a single 

lattice parameter, but differ for various orthorhombic lattice parameters), the data from 

XRD measurements were used for indexing. 

Figure 60 a, b and c show the PRIAS bottom signal map, phase map and IPF 

map of the Ti-26Nb-7Zr-0.23O deformed alloy. The PRIAS bottom signal is 

comparable to images from the BSE detector (it corresponds to forward-scattered 

electrons). As shown in the phase map, both β and α″ phases were detected and the 

crystal orientations can be determined from the IPF map (combined for both phases). 

To get more precise information, a detailed EBSD scan was performed at the location 

denoted by a yellow square in PRIAS bottom signal map. 
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Figure 60: EBSD scan of Ti-26Nb-7Zr-0.23O alloy: a) PRIAS bottom signal map, yellow 

square denotes the location of the detailed scan (Figure 61), b) phase map shows β phase in 

green and α″ phase in red, c) IPF map. 

The PRIAS signal, phase and IPF map of the detailed EBSD scan are shown in 

Figure 61. When comparing the phase map with the IPF map, several areas in single 

grain have a different orientation according to the IPF map but possess the structure of 

β phase. Two  of these areas are marked by black arrows. Upon further analysis, these 

regions can be identified as the {332}<113> twins of the β phase. Parent-daughter twin 

recognition feature of OIM software has identified all the corresponding areas that are 

shown in Figure 61d. Moreover, a misorientation profile was created along the yellow 

line in the parent-daughter map and shown in Figure 61e. The misorientation of 50.5° 

is indeed proof of the {332}<113> twinning [49]. It can be concluded that Ti-26Nb-

7Zr-0.23O alloy undergoes stress-induced martensitic transformation as well as 

deformation twinning. 

   

  

Figure 61: Detailed EBSD scan of Ti-26Nb-7Zr-0.23O alloy: a) PRIAS bottom signal map, 

b) phase map shows β phase in green and α″ phase in red, c) IPF map, d) parent-daughter 

map for the {332}<113> twinning in β phase, yellow line marked by arrow denotes the 

position of the misorientation profile, e) misorientation profile. 
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Figure 62 shows EBSD results for Ti-26Nb-7Zr-0.49O alloy. There is a lot more 

deformation present in the structure, as seen in the PRIAS map, which makes it more 

difficult for indexing. However, the achieved strains in this alloy are comparable with 

Ti-26Nb-7Zr-0.23O, as shown in Figure 49. It could be a local effect depending on the 

choice of EBSD scan location, but other factors could have also played a role. Firstly, 

twinning, which could provide additional deformation mechanism, is almost not 

present. Also, lattice parameters of the α″ phase are slightly closer to the β phase in 

Ti-26Nb-7Zr-0.49O alloy (the consequences will be discussed below). Lower image 

quality (grayscale in phase and IPF maps) is most probably caused by dislocation slip 

activity. 

   

Figure 62: EBSD scan of Ti-26Nb-7Zr-0.49O alloy: a) PRIAS bottom signal map, b) phase 

map shows β phase in green and α″ phase in red, c) IPF map. 

Figure 63 shows EBSD data from Ti-26Nb-7Zr-0.85O. The PRIAS bottom 

signal map shows large deformation present in the alloy, due to the highest achieved 

true strain (>0.7) when compared with any other studied alloy. The EBSD scan was 

performed in a triple point of the β grains. Two of the grains show mostly β structure 

but the third (on the right-hand side of the image) appears to be indexed mostly as α″ 

phase. This grain is also the most deformed as a lot of deformation bands cause a 

darker contrast in the IPF map due to lower IQ, serving as an overlay. A more detailed 

EBSD scan has been made in the area denoted by the yellow square in Figure 63a. 

   

Figure 63: EBSD scan of Ti-26Nb-7Zr-0.85O alloy: a) PRIAS bottom signal map, yellow 

square denotes the location of the detailed scan (Figure 64), b) phase map shows β phase in 

green and α″ phase in red, c) IPF map. 

In the detailed EBSD scan of Ti-26Nb-7Zr-0.85O alloy, shown in Figure 64, 

individual deformation bands can be recognized as well as areas between them. As 

follows from the phase map, most of the right grain was indexed as α″ phase (purple 
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colour in IPF map) and only a few scattered areas seem to retain the β phase (orange 

colour in IPF map). Examples of Kikuchi patterns for both indexed partitions are 

shown in Figure 64 d and e for the α″ and β indexed phase marked by arrows in the 

IPF map, respectively. Both Kikuchi patterns shown are already processed by the 

NPAR algorithm. When comparing both patterns, no difference can be established 

even from the image created by subtraction of one of the patterns from another (and 

appropriate brightness/contrast adjustment) which is shown in Figure 64f. Since the 

differences between the lattice parameters of the α″ and β phase in Ti-26Nb-7Zr-0.85O 

alloy are very small (cf. Figure 54c), the resulting Kikuchi patterns are also very 

similar. The indexing (Hough transform-based) algorithms struggle to accurately 

assign the appropriate structure. Since the material before deformation did not contain 

any α″ phase (cf. Figure 36) and the lamellar morphology typical for α″ martensite is 

not present after deformation, the structure of the right-hand side grain is likely that of 

the β phase (with the same orientation as the orange-coloured points in Figure 64c). 

   

   

Figure 64: Detailed EBSD scan of Ti-26Nb-7Zr-0.85O alloy: a) PRIAS bottom signal map, 

b) phase map shows in green and α″ phase in red, c) IPF map with areas marked by white 

arrows that indicate positions of Kikuchi patterns shown in d) and e) indexed as α″ and β 

phase, respectively. f) image resulting from subtraction of images d) and e). 

6.3.5. Discussion of deformation mechanisms in layered samples 

In the current chapter 6.3, the main aim was to perform mechanical tests and 

analyse the deformation mechanisms in the prepared layered samples. Finally, based 

on the achieved results, we aim on selecting the composition of alloy which would be 

strengthened by O content, but at the same time achieve high ductility by activating 

the TRIP/TWIP effects. 

The first quantity which should point to activation of mechanical twinning 

and/or martensitic transformation was acoustic emission measured during 

compression testing of the layered samples. Quite unambiguously, it was found that 
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the acoustic emission signal is much stronger with lower O contents in Ti-xNb-7Zr-

yO alloys. Since the grain size (affecting the AE intensity) was comparable in all 

FAST-prepared samples, the AE can be compared sample from to sample. While AE 

signal differs in order of magnitudes, the total sample size changes do not significantly 

affect the AE measurements [195]. The AE signal was however anticorrelated to the 

achieved total strain in each sample. The highest strain was achieved in the sample 

with the highest O content which had the lowest AE activity. 

The following sample series (with less or no Zr / with 2% Fe), containing 0.5% 

O showed also interesting behaviour. The Fe-containing samples were quite brittle and 

AE was not very active, but in the other 2 samples, Ti-(26-41)Nb-3Zr-0.5O and Ti-

(26-41)Nb-0.5O, very strong AE was active and total strain comparable to Ti-(20-

35)Nb-7Zr-0.5O sample was achieved. These compositions have not been studied 

further, yet, although they show a potential for future research. 

By the performed DIC-based separation of compression curves layer by layer, it 

was found that for alloys with lesser O content (0.2 – 0.3%), the layers that were the 

most ductile had 3-6% of Nb more than the critical concentration needed for α″ phase 

formation during quenching, i.e. just above the β/α″ phase stability boundary which 

can be visualized in Bo-Md diagram for low oxygen alloys (Bo/Md values are 

unknown for oxygen) [97,109,196]. For these alloys, the highest ductility was 

attributed to α″ SIM and mechanical twinning activation as shown by XRD, SEM and 

EBSD. 

In contrast, for layered samples with higher O (0.5% and more), higher ductility 

was achieved when the composition was far from the quenched-in α″ composition. 

Although the reflections that could correspond to α″ phase were detected by XRD in 

all the corresponding alloys, the typical lamellar microstructure was found only in 

some of them, namely in alloys with 23Nb and 26 Nb for 0.49O and 0.68O. The 

lamellar microstructure due to deformation twinning or α″ SIM was completely 

missing in alloys with 0.85O. 

The reason for decreasing α″ phase volume fraction after deformation with 

increasing β stability of the alloy lies in decreasing differences between the geometry 

of the corresponding bcc and orthorhombic cells. The principal transformation strains 

[197] caused by the β → α″ stress-induced transformation can be expressed as: 

𝜀1 = (𝑎𝛼″ − 𝑎𝛽)/𝑎𝛽 , 

𝜀2 = (𝑏𝛼″ − √ 𝑎𝛽)/√ 𝑎𝛽 , 

𝜀1 = (𝑎𝛼″ − √ 𝑎𝛽)/√ 𝑎𝛽 . 

(Equation 6) 

From these expressions, it follows that in the case of very similar lattice 

parameters, such as those in Figure 54 for higher Nb contents, the strains that are 

accommodated by martensitic transformation are negligible. Therefore, for these 

compositions, it is not favourable to form the α″ phase as it can accommodate little 

strain only. 

Another consequence of similarity in the bcc and orthorhombic structure is that 

the classical vote-based pattern indexing using the Hough transform fails to resolve 

the two structures as shown in Figure 64. 

It remains unexplained, why the reflections corresponding to the α″ phase were 

found in XRD patterns after deformation for alloys that do not show α″ SIM lamellae 

nor twinning lamellae. Upon closer inspection of the XRD patterns of individual 

samples, it is apparent that with higher Nb content some of the α″ reflections, close to 
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the reflections of the β phase, disappear or rather collapse into a single one. This 

behaviour, corresponding to an increase in crystal symmetry, evokes that it could be 

caused by the presence of the O′ phase that undergoes shuffle only without any shear. 

The O′ phase was discovered only recently [198] and it has a nano-scale size which 

can be observed by TEM only [51]. For visualization of this possibility, XRD 

reflections were simulated according to lattice correspondence shown in Figure 2 for 

a) β phase (with an arbitrarily selected lattice parameter a=3.282 Å), b) O′ phase with 

lattice parameters given by the lattice correspondence with the β phase while setting 

the nonzero parameter δ governing the {011} < 01̅1 >𝛽  shuffle and c) α″ phase with 

the same relative shuffle and with changed lattice constants (due to shear). The 

simulated positions of reflections for all three phases are shown in Figure 65. The 

symmetry of the O′ phase is higher due to the lattice correspondence and thus, some 

of the reflections are shared with the β phase. In the measured XRD patterns, the alloys 

with the highest Nb content still exhibited reflections that cannot be attributed to the β 

phase (cf. Figure 53), but when fitted with the α″ phase, the lattice parameters 

correspond closely to the respective interplane distances in β phase (cf. Figure 54). 

Thus, it is highly probable that in these alloys, the secondary phase is created by pure 

shuffle (O′ phase) or nearly pure shuffle (O′-like α″ phase). Note that the parameter δ 

governing the shuffle does not change the positions of the extra peaks (respectively to 

β), only their intensity, which is zero for zero shuffle. 

 

Figure 65: Simulated XRD reflections for β, O′ and α″ phases. The O′ phase shows fewer 

reflections than the α″ phase as some of them are forbidden due to higher symmetry. 

It was found in [51], that the O′ phase nanodomains can be manipulated either 

by decreasing temperature or by mechanical loading into α″ nanodomains (without 

formation of large martensitic lamellae of α″ phase). From the data, presented earlier 

in this thesis, it was found that the alloy Ti-32Nb-7Zr-0.49O exhibits O′ reflections in 

the TEM diffraction pattern (cf. Figure 38c). The nanodomains could have evolved 

into nanodomains of α″ and detected by XRD. 

Alloy with the same composition (Ti-32Nb-7Zr-0.49O) has already been studied 

in the conventionally prepared form in Chapter 5, including the tensile testing shown 

in Figure 29e. One fact was not commented in that section which is a nonlinear 

behaviour before the yield point. From the analysis presented here, it can be concluded 

that this nonlinear behaviour is most probably caused by the stress-induced change of 

O′ nanodomains into α″ phase structure. 

Based on the results of this chapter, two alloys were selected and prepared in 

bulk form by the classical route described in section 3.2. These alloys were chosen to 

potentially have a high yield strength due to the O content and high ductility due to the 
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proximity to martensitic composition and resulting TRIP / TWIP effects. This has 

restricted the selection to alloys with at least 0.5% O, lower oxygen content does not 

lead to the desired yield stress significantly higher than 600 MPa. At the same time, 

AE activity and detection of the martensitic lamellae in the deformed microstructure 

are crucial for TRIP / TWIP effect activation. Therefore, the chosen alloys are Ti-

26Nb-7Zr-0.5O and Ti-29Nb-7Zr-0.5O and the following chapter is devoted to their 

examination. 
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7. Metastable Ti alloys with stress-induced phase 

transformations 
The two selected compositions were prepared first by melting larger 200 g 

ingots, remelting them into the shape of rods and further homogenizing them at 1300 

°C / 24 h which was followed by cold swaging and recrystallization annealing 1000 

°C / 15 min concluded by water quenching. The content of oxygen and nitrogen is 

shown in Table 6. The O content is slightly higher than the target value but it is still 

closer to 0.5% than the previously studied 0.7%. 

Table 6: Interstitial content (O/N) in prepared alloys measured by IGF. 

Alloy O (wt%) N (wt%) 

Ti-26Nb-7Zr-0.56O 0.559 ± 0.003 0.091 ± 0.002 

Ti-29Nb-7Zr-0.54O 0.544 ± 0.003 0.055 ± 0.002 

 

7.1.  Microstructure and phase composition in ST condition 
The prepared alloys showed equiaxed β phase grains with a size of about 100 – 

200 µm as can be observed in Figure 66. Note that these images were captured in the 

longitudinal section of the prepared rods, therefore recrystallization annealing has 

removed any grain shape anisotropy that could have been present from the cold 

swaging. In the Ti-26Nb-7Zr-0.56O, the grain size is larger, which could be caused by 

the lower melting point of this alloy, caused by lower Nb content and thus the 

recrystallization temperature of 1000 °C leading effectively to faster grain growth. No 

dendritic segregation can be observed in the shown images; therefore, the 

homogenization annealing was also successful.  

As shown in the previous chapter (Figure 36a), there is also a little of the 

athermal ω phase in the corresponding alloys in layered samples which was detected 

by XRD and for Ti-26Nb-7Zr-0.5O also by TEM (Figure 38a). 

  

Figure 66: SEM images of the prepared alloys in the longitudinal sections. 

7.2.  Tensile testing 
The tensile curves of the prepared alloys are shown in Figure 67. Contrary to 

expectations (SIM α″ should be active leading to high ductility due to the TRIP effect), 

the Ti-26Nb-7Zr-0.56O alloy shows much lower ductility of only about 6%. On the 

other hand, Ti-29Nb-7Zr-0.54O has reached a ductility of 20% which was reached also 

in other metastable β Ti alloys in the β solution-treated condition, e.g. those presented 

in 5. Both alloys have also qualitatively different behaviour: the Ti-26Nb-7Zr-0.56O 
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alloy reaches yield stress of nearly 1000 MPa and after that, the plastic deformation 

stage follows without any significant deformation strengthening that is finished by 

rupture at 6%. On the other hand, Ti-29Nb-7Zr-0.54O alloy first shows a double 

yielding; the first deviation from the linear elasticity starts at about 500 MPa and a 

slightly sharp yield point is present at 1100 MPa that is most probably caused by the 

interaction of dislocations with pinning oxygen atoms [75]. In the following part, very 

slight deformation strengthening is present until reaching the ultimate tensile strength 

at 1150 MPa and subsequent formation of a neck. 

 

Figure 67: Tensile tests performed on the two alloys. 

To be able to explain the differences in the measured tensile properties, the 

deformed samples were studied by SEM and XRD. 

7.3.  Microstructure and phase composition after tensile 

deformation 
SEM images of the active parts of tensile samples are shown in Figure 3. As 

expected from the tensile testing results, Ti-26Nb-7Zr-0.56O alloy shows generally 

less deformed microstructure than Ti-29Nb-7Zr-0.54O alloy. 

While in Figure 68a, the stress-induced martensite lamellae formed by the 

deformation of Ti-26Nb-7Zr-0.56O alloy are present, similarly to the microstructure 

after compression (cf. Figure 62), in Figure 68b, only dislocation slip traces are visible. 

In the respective alloy in layered samples after compression, few martensite-like 

lamellae were found, this difference could result from slightly higher O content in the 

alloy prepared in comparison to the sample prepared by FAST. 

In Figure 69, XRD patterns measured at the active part of the tensile samples 

after deformation are shown. In the Ti-26Nb-7Zr-0.56O alloy, both the β and α″ phases 

are present which indicates that the lamellae shown in Figure 68a are SIM and not (at 

least not only) a deformation twinning. 
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Figure 68: SEM microstructure images of active parts of tensile samples. 

In the Ti-29Nb-7Zr-0.54O alloy, peaks of the β phase are the most prominent 

and very weak reflections from ω are also found (note that the Y-axis is drawn in 

logarithmic scale). A similar phase composition (β+ω phase) was found in this alloy 

also before deformation (layered samples, Figure 36a), therefore, classical stress-

induced martensitic transformation is not active. Two more peaks cannot be assigned 

either to the β or ω phase. Peak located just above 15° could be assigned to (211) 

diffraction of β phase at higher harmonic energy passing through graphite 

monochromator (as described in section 3.1.4). In contrast, the other peak, positioned 

at an angle of 19° and marked by a star, cannot be explained as a result of higher 

harmonics. Nonetheless, is positioned between the (021) peak of the α″ phase and the 

simulated peak of  O′ phase. Note that the α″ phase peak positions are shown for the 

case of Ti-26Nb-7Zr-0.56O alloy. It can be assumed (accordingly to trends shown in 

Figure 54) that in Ti-29Nb-7Zr-0.54O alloy, the shear component of α″ phase (the one 

causing the change of lattice parameters) is very weak and the peak marked by the star 

could be the (021) peak of the (nano-sized) α″ phase. This phase transformation could 

be the reason for the double-yielding phenomenon observed in Figure 67. It has been 

already suggested that the O′ nanodomains (formed by {011} < 1̅1̅1 > shuffle only) 

can be transformed into selected variants of α″ phase upon cooling or loading [51] as 

discussed later. However, for direct observation of the O′ phase or nano-sized α″ phase 

and their distinction, high-resolution TEM analysis would be necessary. 
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Figure 69: XRD patterns of studied alloys after tensile testing. The peak positions of the α″ 

phase correspond to fitted lattice parameters of Ti-26Nb-7Zr-0.56O, peak positions for O′ 

phase were calculated from the lattice parameter of β phase according to the lattice 

correspondence relations. 

7.4.  In-situ tensile testing  
To get more insight into the contradiction of Ti-26Nb-7Zr-0.56O alloy 

undergoing the SIM during deformation while not showing the TRIP effect, but rather 

having very low ductility, in-situ tensile testing was performed on Ti-26Nb-7Zr-0.56O 

alloy (and on Ti-29Nb-7Zr-0.54O alloy, but in this case only the dislocation slip 

activity was observed). The chosen strain rate was the same as in the case of the bulk 

tensile tests and the step in which the SEM image collection took place was set to be 

about 0.02 mm of elongation which was equivalent to 0.5% of strain in the plastic 

region. 

Figure 70a shows an SEM image of Ti-26Nb-7Zr-0.56O alloy taken at a stage 

of deformation equivalent to the strain of 1 %. Two different features can be 

recognized in the microstructure: 1) lamellae of α″ martensite marked by orange 

arrows and 2) slip traces marked by white arrows. These features differ mainly in width 

in the image. While martensite is a 3D region present in the material that appears as 

the 2D cut of lamella on the polished sample surface, slip traces are only steps that 
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were created on the sample surface by generation/annihilation of dislocations on the 

surface. Therefore, slip traces are only 1D features that appear as very thin lines in the 

SEM image due to the fact that the steps are not exactly parallel with the incident 

electron column. 

  

 

Figure 70: a) In-situ SEM image of Ti-26Nb-7Zr-0.56O alloy during tensile test at a true 

strain of 1%. Arrows mark the selected locations of both stress-induced martensite and slip 

traces. b) In-situ SEM image of Ti-29Nb-7Zr-0.54O alloy, showing slip traces only. 

Consistently with ex-situ observations, Ti-29Nb-7Zr-0.54O alloy showed the 

slip traces only during SEM in-situ tensile test as shown in Figure 70b. 

The presence of both deformation mechanisms in Ti-26Nb-7Zr-0.56O alloy in 

such an early stage of deformation is most probably the reason for the low achieved 

ductility of material with active SIM. Formation of α″ martensite is an essential 

condition for achieving the TRIP effect (and associated improvement in ductility) and 
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if formed, secondary SIM lamellae and/or twinning inside the α″ SIM usually follow 

as well [199,200]. The dislocation slip is then activated as the last deformation 

mechanism. In Ti-26Nb-7Zr-0.56O alloy, only primary α″ martensite was formed 

during tension without any usual formation of secondary twins and concurrently, the 

dislocation slip was also activated. The reason is most probably the high content of 

interstitial oxygen. Oxygen is believed to block the α″ SIM in general [72,74]. In 

contrast, an O-rich composition which undergoes SIM during tension has been found, 

yet, it does not lead to the desired properties (i.e. TRIP effect). 

Overview SEM images at various stages of the tensile test are shown in Figure 

71. At this low magnification, different deformation mechanisms cannot be resolved, 

but the crack formation was observed at the bottom edge of the sample active part. The 

crack started to form at a true strain of about 2.5 % and grew progressively until it was 

not safe to continue with the tensile test at 5 %. 

  

  

  

Figure 71: An overview of SEM images captured at various stages of tensile deformation. 

The crack formation can be noticed at true strains 0.03 and 0.05. 
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The crack location was captured also before the crack has initiated. Both SE and 

BSE images are shown in Figure 72 comparing this area without and with the crack. It 

can be observed that the crack was nucleated at a position where the first slip traces 

were observed, not the martensite. Based on previous findings of this thesis, shown in 

Chapter 5, O-rich metastable Ti alloys which contain a high fraction of ω phase tend 

to be brittle. Therefore, the brittleness of this alloy is most probably caused by the 

initial β+ω microstructure (together with high O content) and even the activation of α″ 

SIM cannot overcome this inherent property of O-rich alloy. 

  
 

  

Figure 72: Location of crack formation observed before the crack has initiated (true strain 

0.5 %) in a) SE signal, b) BSE signal. Final stage of deformation with large crack observed 

in c) SE signal and d) BSE signal. 

7.5.  Discussion of the deformation mechanisms and selection of the 

best alloy 
The two alloys that were prepared and tested show significantly different 

behaviour. Despite the deformation mechanism by SIM α″ phase formation is present 

in Ti-26Nb-7Zr-0.56O, it results neither in double yielding nor does it show improved 

ductility due to the TRIP effect. Rather contrary, the elongation is very low. This 

behaviour is contrasting with the results of compression tests, where this alloy 

achieved a true strain of nearly 0.4. The ω phase-caused brittleness expressed itself in 

tension much sooner, however, this is common behaviour of materials, that are 

generally more prone to fracture when exposed to tensile stresses rather than 

compression stresses. 

The second alloy does not form α″ SIM not deformation twinning during tension, 

as shown by both ex-situ and in-situ SEM observations. On the other hand, the double 

yielding present in the tensile curve is a typical expression of α″ SIM formation [40], 
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although it was usually found to be suppressed by O content higher than 1 at.% (0.28 

wt%) [44,167]. The presented suppression mechanism of oxygen was presented as a 

formation of modulation of the bcc lattice from the octahedral interstitial positions 

which resulted in the formation of nanodomains that blocked the large-scale 

martensitic transformation to α″ (the lamellae) [152]. Such nanodomains that were 

later called O′ phase [198] were found also in the materials studied in this thesis that 

contain even higher oxygen content (Figure 27c showing the O′ particles in TEM dark-

field and Figure 38c showing the TEM diffraction). While the formation of the O′ itself 

cannot accommodate any large-scale strain due to the shuffle of atomic planes only, 

when the α″ phase involving lattice shear is formed, it is connected with strains 

according to (Equation 6). The formation of α″ structure from O′ precursors has been 

already confirmed unambiguously with the use of high-resolution TEM during in-situ 

cooling [51] and after cold-rolling where this was connected with the [332]<113> twin 

formation as well [201]. It was also found that when the O′ nanodomains serve as 

precursors for O′ → α″ transformation, they also restrict the possible variants of 

martensite from 12 in pure bcc structure to only 2 per O′ precursor [51]. This leads to 

the so-called strain-glass transition, i.e. higher-order phase transformation 

continuously increasing the shear in the nanodomains as it was observed in [202], 

where the lattice parameters corresponding to the shear component of β→α″ 

transformation were changing during the early stages of tensile test, between 2 and 5% 

of strain (note that the elastic part of the tensile curve was not subtracted as it was in 

Figure 67). 

The above-presented mechanism seems to be viable also for the explanation of 

the double-yielding phenomenon of the Ti-29Nb-7Zr-0.54O alloy, where no large-

scale α″ SIM was formed in the microstructure, but additional peaks were found in the 

XRD patterns in the deformed material. A similar effect in a tensile curve, although 

with less pronounced non-linearity was found also for one of the alloys presented in 

Chapter 5: Ti-32Nb-7Zr-0.5O (Figure 29e), which differs in Nb content only and both 

alloys could thus share the same mechanism of gradual O′ → α″ transition during 

loading. It is not surprising that the effect is more pronounced in alloy with less Nb as 

this composition is also closer to compositions undergoing the large-scale α″ SIM 

formation. 

In summary, the target combination of the desired effects (high oxygen content 

leading to strengthening and TRIP effect leading to high ductility) was not achieved – 

the Ti-26Nb-7Zr-0.56O is brittle while Ti-29Nb-7Zr-0.54O alloy shows deviation 

from linear elasticity already at 500 MPa. The achieved mechanical properties are still 

better in the selected alloys from Chapter 5. 

Since industrial alloy production needs some flexibility in the alloy composition, 

the target contents must be given as intervals (for the common alloying elements) or 

as maximum permissible contents (typically for impurities such as N, O and H). This 

is common practice not only for Ti alloy grades [64] but other materials as well (e.g. 

steels for surgical applications [203]) and is based on the fact that large-scale 

manufacturing cannot achieve the precision of laboratory production and the input 

materials are of the (cheap) commercial purity. For this reason, the following rules are 

specified for the alloy that was found the most suitable for implant manufacturing in 

this thesis: 

• The main alloying element is Nb and its concentration is between 29 and 

32 wt%.  

• Another alloying element is Zr with a concentration between 6.5 and 7.5 wt%. 

Unpurified (Hf-containing) Zr can be used. 
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• The O content is between 0.7 and 0.85 wt% 

• The N content should be kept below 0.05 wt%. Very low N concentrations 

(below 0.01 wt%) can lead to different tensile behaviour of the material, 

however, they are not easily achievable on an industrial scale, where the price 

of input materials is of major importance. 

• Other impurities should be kept within the usual limits of commercial alloys: 

the C content below 0.08 wt%, Fe below 0.3 wt% and residuals below 0.01 

wt% each and 0.04 wt% in total. 

• Titanium forms the rest of the chemical composition. 

While higher β phase stability would cause an increase in Young’s modulus 

“only”, lower stability could result in brittleness, therefore the final composition is 

playing it safe by keeping away from the dangerous compositions embrittled by ω 

phase. 

The alloy specified in the bullet points is similar to the Ti-35Nb-7Zr-6Ta-0.7O 

alloy, from a metallurgical point of view, therefore the industrial processing developed 

and described in Chapter 4 is readily usable for implant manufacturing from the 

specified alloy. Due to omitting the Ta content and lowering the Nb content, the 

resulting alloy has an even lower melting point which should have a positive impact 

on the melting feasibility as well as faster homogenization and finally to reduced costs. 

 



  

107 

 

Conclusions 
The principal aim of this thesis titled Beta-Ti alloys for medical applications was 

to develop a Ti alloy with a target application in joint implant manufacturing. Such a 

task consisted of two main contributions: 1) to design the most suitable pathways for 

processing of the alloy and 2) to find the best chemical composition of the alloy. Both 

tasks were being solved simultaneously, but I will summarize them here apart from 

each other for clarity. 

The processing of the metastable β-Ti alloys was studied on two distinctly 

different scales: large industrial scale for the products manufacturing and laboratory 

scale for alloy development. In both cases, similar processing steps were undergone 

(casting, homogenization, rotary swaging, recrystallization annealing) which ensured 

that the developed alloys can be readily processed in large scale yielding the same 

material properties as measured on laboratory scale. 

The search for the most suitable chemical composition was also done on two 

scales: classical and high throughput. 

The classical approach involved the preparation of laboratory-scale yet bulk 

alloys. The set desired properties were high yield strength, high ductility and low 

Young’s modulus. The high yield strength (compared to the reference Ti-6Al-4V 

alloy) was achieved by high oxygen content in all prepared alloys. The main limiting 

factor for ductility was found to be the phase composition: when the ω or α″ phase was 

present in the material with high O content in a significant fraction, it had an 

embrittling effect. Alloys with β structure only were all sufficiently ductile (the nano-

scale O′ phase was found as well but it did not affect the ductility). The Young’s 

modulus was minimized by tailoring the composition to reach the lattice softening due 

to proximity to martensitic transformation. Avoiding the ω phase formation was the 

main criterion for the selection of the best alloy. 

The high-throughput approach allowed the testing of a high number of different 

compositions. The characterization of microstructure and phase composition involved 

methods easily usable for high-throughput testing: SEM, XRD, microhardness 

measurements, scanning acoustic microscopy and compression testing coupled with 

AE measurement and DIC evaluation of local strains. Key result is that the oxygen and 

niobium atoms have a very similar contribution to the stabilization of the β phase with 

respect to the martensitic transformation to α″. 

One of the most important findings of the thesis is the nature of the ω phase in 

O-rich alloys. In water quenched samples, ω phase should form without any elemental 

redistribution, which is commonly referred to as athermal ω. The athermal ω has 

usually only a negligible effect on the mechanical properties of Ti alloys. In contrast, 

the presence of higher amounts athermal ω phase directly resulted in ductility 

deterioration in alloys with high oxygen content. Results of measurements of elastic 

properties suggested that the behaviour of the athermal ω phase after quenching 

corresponds rather to the isothermal ω phase formed typically after annealing. It was 

therefore concluded that oxygen can diffuse into the ω phase even at room temperature, 

which alters its effect on mechanical properties. 

XRD analysis showed that higher stabilization of the β phase results in that the 

lattice parameters of the SIM α″ are closer to those of the β phase.  At the same time, 

lower fraction of α″ is formed. This is due to the fact, that smaller differences in lattice 

parameters cause smaller accommodated strain by SIM formation and the formation 

of SIM becomes less favourable. Unique O′ phase nano-domains were resolved by 

TEM and their transformation into nano-sized particles of α″ phase was also discussed. 
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Potential of activation of SIM α″ deformation mechanism was studied, however 

positive effect of TRIP/TWIP on ductility was not achieved.  Nevertheless, several 

compositions of alloys proved unique combination of strength, elastic modulus and 

ductility, making them ideal candidates for production of load-bearing implants of 

large joints.  

 

Further opportunities in the field of production of metallic biomedical implants 

are already open. In particular, additive manufacturing represents a progressive 

method for manufacturing parts of various sizes and shapes. It is already being 

considered for production from costly materials such as Ti alloys, where the reduction 

of waste could save large amounts of resources as well as increase sustainability. The 

benefits of additive manufacturing directly related to the medical field are the inherent 

net-shape manufacturing and also the unique possibility of creating graded structures, 

that will have different properties in different locations (for instance, low Young’s 

modulus near the bone, high strength at the most stressed areas). Such graded material 

may fulfil contradictory requirements for implant material properties. This research 

will be of interest in future. 
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